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Chapter
Past and current issues in 
Ill-nitrides research
At Bell Telephone Laboratories in 1947, John Bardeen and Walter Brat- 
tain made the first solid state transistor. This drastically reduced the 
size of transistors compared to the old vacuum tubes. These electronic 
switching units are essential to many small electronic devices, such as 
micro-processors and other logic circuits found in many appliances in 
industry and households. Ever greater demands are placed on these 
devices, most of which are currently based on silicon technology. Some 
of these demands, like high power amplification, are at the limits of or 
beyond the physical capabilities of silicon. Therefore, we are forced to 
look to alternatives, such as the so-called III-V semiconductors like GaAs 
and AlGaAs. These are currently used in high efficiency solar cells, LEDs, 
and computer applications. Among the III-V family, the chemically and 
wear-resistant III-nitrides stand out as materials for e.g. high electron 
mobility transistors (HEMTs) for high power performance, due to their 
higher breakdown voltages, free carrier velocities, and thermal conduc­
tivities. However, there are still a few barriers preventing the the wide 
scale of applications of these III-nitrides.
The history of III-nitrides research and the scope of this thesis will be 
briefly explained in this chapter.
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4 Chapter 1: Past and current issues in III-nitrides research
1.1 History
It has taken us almost two centuries to discover the true potential of the 
III-nitride family. The first reports on the synthesis of III-nitride materials 
originate from the beginning of the previous century and mention the for­
mation of indium nitride, aluminum nitride, and gallium nitride powders. 
Though it was the last member of the III-nitrides family to be reported, gal­
lium nitride (GaN) is currently the most researched and will therefore be the 
focus of this section.
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Figure 1.1 Periodic table of the elements with the group III elements and nitrogen 
highlighted.
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In 1932 Johnson e t al. [1] created dark grey GaN powder from the direct 
nitridation of pure Ga metal by ammonia at high temperatures and made 
note of its chemical resistivity towards both acids and bases. Five years 
laters Lirmann and Schadanow [2] resolved its crystal structure to be of the 
so-called wurtzite variety.
Several decades passed before the foundation for GaN-based thin film 
devices, such as transistors, was laid. The hetero-epitaxial growth of GaN 
by Maruska and Tietjen [3] on sapphire was realized via the halide vapor 
phase epitaxy technique (HVPE) in 1969. They used gallium chloride and 
ammonia at high temperatures to form GaN, based on a process which had 
originally been developed in 1960s for the deposition of GaAs. This break­
through spurred single-crystalline GaN research and soon a wide range of 
properties of such GaN crystals could be measured. GaN was found be an 
intrinsically doped semiconductor with a bandgap in the UV region, border­
ing on the color blue.
Unfortunately, something was amiss with the grown GaN crystals. All the 
grown films were abundant of free electrons. They consisted of a strongly 
n-type material, even though they were not intentionally doped with an 
electron donor element. To create transistors and such, one also requires p- 
type material, which possesses excess positive quasi-particles called holes. 
Holes can be introduced via the contamination of the GaN crystal by an 
acceptor element. Attempts to create p-type GaN via doping with obvi­
ous acceptors, like Mg, Be, Zn, and Cd were undertaken. When none of 
these dopants yielded the desired result, it quickly became clear it would 
be very hard to produce p-type GaN. Though the first electroluminescent 
GaN device was created in 1971 [4], this inability to achieve p-type doping 
discouraged further research and this lasted throughout the late 1970s and 
1980s.
The poor crystal quality of the GaN was too blame for this. The large 
numbers of defects and impurities in the HVPE GaN material acting as elec­
trons donors were the underlying cause of the n-type background. This 
obstacle was overcome with the introduction of new deposition techniques. 
Especially metal-organic vapor phase deposition (MOCVD) and, to a lesser 
extent, molecular beam epitaxy (MBE) were successful in this respect. Care­
ful process optimization and increased purities of the applied materials and 
process gases eventually led to the long sought after p-type GaN by Mg- 
doping in 1989 [5]. The success lay in the removal of hydrogen from the
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GaN via electron beam irradiation, thus dispatching the hydrogen atoms 
which passivated the Mg centers and prevented them from acting as p-type 
acceptors. At a later stage, thermal annealing in a nitrogen atmosphere was 
found to be a working alternative [6].
With this obstacle removed, the road towards GaN p-n junctions lay wide 
open. The more complex blue and UV LED structures [7] swiftly followed. 
The next goal was the creation of a blue or UV light laser diode. Utilizing 
such a laser in an optical data storage system increases the data capacity 
by a factor of 6 compared to red lasers. The first electrically operated GaN 
laser diode was created in 1995 by Nakamura e t al. [8]. It emitted at a 
wavelength of 417 nm, which was the shortest wavelength achieved for a 
solid state semiconducting emitter at that time. Further research led to a 
modification of the wavelength and an increase in efficiency. Starting this 
century GaN laser diodes are commercially implemented in consumer prod­
ucts such as Blu-ray disc players and game stations. Blu-ray technology is 
becoming the new video standard and is slowly replacing the DVD system 
introduced in 1995.
1.2 Current issues in III-nitrides research
1.2.1 The need for native GaN substrates for GaN-based 
devices
The biggest potential of GaN lies in its application in light emitting, high 
power, and high frequency devices. It is here that GaN outshines silicon, 
GaAs, and SiC. GaN can with excellence be applied for high electron mo­
bility transistors in radar systems and broadband wireless communication 
devices. Apart from laser diodes for Blu-ray players, GaN is useful in solid 
state lighting, as a more energy efficient alternative to the common light 
bulb. Additionally, GaN can be used for very sensitive and reliable UV de­
tectors, which can operate at low noise levels in the spectral ranges that 
are filtered out of the solar spectrum by the ozone layer. Currently, GaN is 
already available in laser devices, such as the Blu-ray DVD player and blue 
LEDs. In the next few years, the GaN market is expected to expand as it 
moves into high power and high frequency devices and solid state lighting. 
Though GaN-based LEDs can be purchased at reasonably low costs, the
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current performance of the more demanding GaN devices is not worth their 
high prices. Sony, for example, has been losing money on the sale of each 
Blu-ray Playstation 3 since its debut in 2006. In order for any of the above 
next generation devices to become commercially viable, serious reductions 
in production costs and better performances of said GaN devices are re­
quired. The performance of any semiconductor device depends strongly on 
the quality and purity of the material of which it is made. Deviations in the 
crystal structure and the presence of non-GaN elements in the GaN crystal 
affect the behavior of electrons in the material and often reduce the de­
vice performance. For example, defects in the crystal structure hinder the 
motion of electrons through the otherwise continuous GaN crystal. By scat­
tering or trapping the electrons, these defects reduce the electron mobility 
through the crystal, which, in turn, affects the current handling capabili­
ties of GaN-based transistors. When the purity of the GaN is compromised, 
the material's luminescent properties change. Foreign elements, such as 
oxygen, can introduce additional electronic transitions inside the bandgap. 
These impurities not only reduce the efficiency of any GaN-based emitter, 
but also cause undesired emissions at different wavelengths.
Most GaN-based devices are ruined even before they are made. The 
majority of these performance reducing defects originates from the use of 
ill-suited materials as carriers for these GaN devices. All semiconductor 
devices, such as transistors and LEDs, consist of several different types of 
thin layers, deposited consecutively on top of a carrier. For example, a GaN 
HEMT could be created by first depositing a layer of GaN on top of a so- 
called substrate (carrier) and then growing a layer of AlGaN on the GaN 
film. Electrons then are trapped at the GaN/AlGaN interface and creating a 
two dimensional electron gas. As every GaN device has to start with a sub­
strate, the suitability, quality, and price of these substrates are extremely 
important. Sadly, the poor compatibility between GaN and these substrates 
is currently preventing the production of high performance GaN devices.
Each and every one of these foreign substrates degradates the GaN layer 
on top of it. Plenty of different substrate materials, such as sapphire or sili­
con, are available [9]. However, all of them posses certain drawbacks that 
prevent GaN devices grown on top of them from achieving their full po­
tential. Differences in crystal structure result in a strain on the GaN film. 
Consequently numerous defects (figure 1.2a), which reduce the device per­
formance, are generated in the crystal. Also, cracking of the GaN can occur.
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Figure 1.2 Schematic representation of different issues in GaN and substrate 
compatibility: defects and dislocations introduced through a substrate-GaN lattice 
mismatch (a); contamination of the GaN by elements from the substrate (b); poor 
wetting of the GaN on the substrate, which hampers thin films growth (c); and 
heating of the GaN layer during device operation due to insufficient heat transport 
through the substrate towards a heat sink (d).
Chemical incompatibility can lead to poor wetting: The GaN layer refuses 
to smear out into a thin film over the substrate (similar to oil and water and 
shown schematically in figure 1.2c). Also, elements from the substrate can 
contaminate the GaN crystal, which can lead to undesired and uncontrolled 
properties of the GaN material (figure 1.2b). When the thermal conductivity 
of the substrate is much lower than the GaN, it will limit the capacity of the 
GaN device on top of it (figure 1.2d). The GaN device will be restricted in 
the same as computer processors today are limited due to cooling issues. 
Despite the limitations set about by the use of foreign substrates, it is possi­
ble to produce e.g. GaN LEDs. These are now being used in backlighting for
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mobile appliances. Ultra-high brightnes LEDs for solid state lighting appli­
cations and high power GaN-based amplifiers for radar systems and cellular 
base stations appear to be beyond the reach of GaN grown on foreign sub­
strates.
The differences between GaN and substrate must be overcome in or­
der to create this next generation of high performance GaN devices. The 
most forward solution would be to use native GaN substrates for the epi­
taxy of GaN devices. This option removes the majority of above described 
drawbacks, as, in this way, the substrate and device materials are perfectly 
matched in all chemical and crystalline aspects. Unfortunately, the catch 
here is that the growth of GaN on GaN will not work without a large GaN 
crystal to start with. Spontaneous crystallization of GaN is unable to pro­
vide sufficiently large substrates. Such GaN substrates would therefore still 
have to be grown first on top of a foreign substrate or from smaller GaN seed 
crystals. Device growth techniques, such as MOCVD and MBE, are much too 
slow and expensive to ever produce these low cost GaN substrates. Differ­
ent growth methods must be applied to produce large and low cost GaN 
substrates.
To meet this need for pure GaN substrates, a new line of GaN research 
opened up. The focus here is on high growth rates and large scale appli­
cations instead of the slow and precise deposition of the different layers 
needed for device growth. Different methods of bulk GaN growth by ei­
ther HVPE [10], high pressure growth [11], or ammonothermal methods 
[12] are being applied for GaN substrate production. These techniques 
compete now to achieve the best results in terms of wafer size, growth 
rate, reproducibility, luminescent properties, and structural quality. Since 
approximately the year 2000, epi-ready GaN substrates have slowly be­
come commercially available and the number of suppliers has increased 
ever since.
This not surprising as GaN is worth more than its weight in gold. The 
price of a single 0.5 inch GaN substrate at the moment is rumored to be 
around $2,000-2,400. A 16x larger 2 inch GaN wafer would therefore be 
priced at over $10,000. The market consists mostly of laser diodes for 
multimedia systems such as Blu-ray players and game stations with a pro­
jected 2009 revenue of $1M, according to Strategies Unlimited. GaN LEDs 
grown on sapphire substrates are expected to turn over an estimated $6M 
this year, while GaN-based radio and microwave frequency devices should
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bring about roughly $300M. The GaN market, however, is expected to ex­
pand into ultra-high brightness LEDs for solid state lighting applications in 
2010-2012, leading to an approximately $240M market for GaN substrates 
alone, according to an analysis by Yole Développement. 2012-2013 is ex­
pected to see the introduction of new high power devices on bulk GaN. The 
growing demand for bulk GaN in solid state lighting applications will rapidly 
dominate the market in volume by 2015.
At the moment though, this massive expansion of the GaN market hangs 
on one crucial point: The price of a single 2 inch GaN substrate is much too 
high to make GaN devices cost-effective alternatives to e.g. light bulbs 
or other lighting sources. For example, Osram sells 1 W decorative LED 
spotlights with lifetimes of 25 years, as an alternative to their 25 W halogen 
counterparts. Despite the drastic reduction in power consumption, such 
solid state lights are still too expensive to replace the light bulb. The price 
of a GaN substrate would have to be reduced to below $1,500, if the GaN 
market wants to expand further into ultra-high brightness LEDs for solid 
state lighting. Similarly, the poor availability of GaN substrates is holding 
back the development and introduction of GaN-based high power devices, 
such as high voltage rectifiers and amplifiers for cellular base stations.
At this time, the different bulk GaN growth techniques race one an­
other to be the first to produce those large diameter and low cost GaN 
substrates. GaN suppliers such as Sumitomo, Kyma, and LumiLog favor 
the HVPE method. Recently, however, bulk GaN grown by the Mitsubishi 
Chemical Corporation and the Ammono corporation via the ammonother- 
mal method is considered the new rising star in GaN substrate manufactur­
ing. But to prove HVPE is not far behind in the race for low cost substrates, 
chapter 5 of this thesis will describe a new method, called Cl2-based HVPE, 
which increases the growth rate and wafer thicknesses with a factor of 4 to
5 compared to a classic HVPE growth experiment.
The speed at which GaN crystals can be grown is not the only determin­
ing factor for GaN substrate growth. The high pressure and ammonothermal 
methods both surpass HVPE in terms of structural quality and dislocation 
densities, but are limited to the use of GaN seed crystals. Such seed crys­
tals in the ammonothermal method grow solely thicker and never wider. 
On its own, the ammonothermal methods can never scale up their wafer 
diameters. In contrast to HVPE, where the wafer diameter can be easily 
scaled up. In chapter 6, we have presented a set of rules to easily scale up
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horizontal HVPE reactors [13]. These rules are based on the conservation 
of dimensionless numbers, which keep the gas flow patterns in the reactor 
the same when increasing the reactor's size. This works much in the same 
way a model airplane or car in a wind tunnel can be scaled up to its actual 
size. Overgrowth of large diameter HVPE seed crystals by the ammonother­
mal method could be the potential path to low cost GaN substrates. Wide 
scale implementation of this easily applied HVPE methods should reduce 
the costs and prices of GaN substrates sufficiently to make them available 
for solid state lighting and other future applications.
1.2.2 The potential of novel III-nitrides
There are alternatives to using expensive native GaN substrates. One could 
introduce buffer layers on top of the cheaper foreign substrates, such as 
silicon or sapphire, to provide a decent foundation for GaN device growth. 
The additional costs and processing time would remain low, as such buffer 
layers are usually very thin (<  1 pm) and can often be deposited in the 
same reactor as the GaN itself. The manner in which a low temperature 
GaN buffer layer helps improve the crystal quality of the GaN film that is 
grown on top of it by HVPE, is explained in chapter 4.
Another particularly interesting candidate for suitable buffer layers, is 
scandium nitride. ScN's (1 1 1) plane is virtually lattice matched to the 
common (0 0 0 1) GaN plane. The growth of dislocation-free GaN islands 
on such a ScN buffer layer was demonstrated by Moran et al. [14] in 2007. 
Additionally, scandium nitride has been receiving considerable attention the 
last few years, because of its own interesting properties, such as its direct 
and indirect bandgaps of 2.1 and 1.3 eV, respectively. This particular band 
structure makes ScN very interesting for solar cell applications.
Research on ScN is mostly hampered by its availability: ScN growth is 
difficult and scarcely practiced, though reportedly it has been achieved by 
HVPE [15], MBE [16], and sublimation [17]. To expand upon the early works 
of HVPE ScN by Dismukes et al., who ever since 1972 have been the only 
ones to have achieved HVPE of ScN, we have applied HVPE to grow thin ScN 
films on 6H-SiC substrates, as written in chapter 7.
Apart from suitable substrates, different colors and white lights are prime 
issues in solid state lighting. Each III-nitride emits at its own specific wave­
length and GaN alone is limited to the UV-blue region of the spectrum. InN
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is considered the key to full color lll-nitrides-based lighting. Its bandgap is 
on the other side of the visible spectrum as GaN. lts exact location, though, 
was much debated. At least until the year 2004, when a definitive value 
for the well-debated lnN bandgap was established. For a long time lnN was 
thought to possess a bandgap of ~2 eV, because, up until now, it had not 
been possible to produce lnN layers of a decent quality, but conflicting re­
ports kept popping up. Recently the growth of high quality lnN by MOCVD 
and MBE was achieved, which helped to resolve the lnN bandgap issue, 
putting it near 0.7 eV and placing it in the infrared spectrum [18, 19].
Figure 1.3 The bandgap values of the more common lll-nitrides plotted against 
their a lattice constants, illustrating the wide optical range that can be achieved 
by combining the various nitrides into ternary alloys.
Alloying lnN and GaN allows one to produce light of any chosen color.
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This way, one can create opto-electronic devices operating in the full range 
of the visible spectrum. This gave major incentive to lnN and lnGaN re­
search, which now still struggles with the growth of high quality lnN by 
techniques other than MBE. The decomposition of lnN into liquid indium and 
nitrogen gas above 550°C is a major issue. Most growth methods, such as 
MOCVD and HVPE, require higher temperatures to decompose their precur­
sor molecules and enhance surface diffusion in order to grow smooth thin 
films. Chapter 10 discusses the growth of lnGaN by Cl2-based HVPE as a 
first step towards the production of lnGaN templates for e.g. MOCVD-grown 
lnGaN devices.
AlN-lnN alloys surpass the optical range of lnGaN devices. lts narrow 
wavelength also allows for a larger data storage density than GaN. Thus, 
AlN is a great alternative to GaN in many applications. lt had reportedly al­
ready been synthesized in 1877, but its potential for (micro)-electronics due 
to its high thermal conductivity was not discovered until the 1980s. Addi­
tionally, the extremely wide bandgap of AlN (6 eV) could lead to AlxGa1-xN 
UV detectors which could operate without interference from visible light. 
This could help provide novel broadband communication devices but also 
one could utilize the UV light of AlN LEDs as a cheap and mobile method 
of sterilizing drinking water. ln current research AlN is mostly alloyed with 
GaN for bandgap engineering. Fundamental research on pure AlN by chem­
ical vapor deposition (CVD) methods and its applications has often been 
of secondary interest. Chapter 8 explains the creation of a hitherto un­
known semiconducting AlN-ScN alloy in the form of nanowires. This new 
material presents a possible alternative to lnGaN for light-emitting devices. 
The luminescence of these ScAlN nanowires was therefore investigated in 
chapter 9.

Chapter
Basic properties of III-nitrides
Currently, the interest in GaN is peaking, as was explained in the pre­
vious chapter 1. Here, we will present the properties of gallium nitride, 
which give it its great potential for opto-electronic applications. Also, 
the need for pure GaN substrates as a foundation for high performance 
GaN devices will be explained in more detail, along with the current 
techniques, competing to produce cheap, high quality GaN wafers.
Similarly, other members of the lll-nitride family, namely AlN, lnN, and 
ScN and their properties are discussed in this chapter. By comparing 
the different properties of these lll-nitrides, it will swiftly become clear 
why GaN is the more researched material. lt will also become apparent 
that the application of the other lll-nitrides can help fill the voids left by 
GaN's shortcomings. The prime example is the alloying of GaN with lnN, 
which creates a semiconductor capable of operating at any wavelength 
between the UV and infrared.
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2.1 Gallium Nitride
GaN is already implemented in the next generation of semiconductor opto­
electronic devices. Due to GaN's wide bandgap of 3.4 eV, GaN-based de­
vices can emit light with wavelengths around 365 nm. This short wave­
length lies in the UV region and utilizing it in data-storage devices increases 
the data capacity of a single DVD from 4 to 26 GB. Aside from its bandgap, 
GaN stands out favorably when compared to silicon and more conventional 
III-V semiconductors such as GaAs in terms of breakdown voltages, free car­
rier velocities, thermal conductivity, and chemical inertness. The first three 
properties determine the speed and efficiency of a semiconductor device, 
while the latter sets the conditions under which GaN-based devices are able 
to operate. GaN's excellent performance in all these fields combined with 
its low sensitivity to ionizing radiation makes it a well-suited material for so­
lar cells on satellites. GaN's high breakdown voltage and high current han­
dling capabilities can be used in high electron mobility transistors (HEMTs), 
which in turn can be used in high power and high frequency electronics, for 
e.g. broadband communication and radar system amplifiers.
Table 2.1 Properties of group III nitrides
Mel­
ting 
point 
( ° C)
Band­
gap
(eV)
Thermal 
conductivity 
at 300K 
(W cm -1K-1 )
Thermal 
expansion 
coefficient 
(10-6K-1 )
Crys­
tal
sym­
metry
Lattice
constants
(A)
GaN 2791 3.4 1.3
3.2 || c-axis 
5.6 1 c-axis
wurt-
zite
a0 = 3.18 
c0 = 5.18
AlN 3487 6.2 2.85
5.3 || c-axis 
4.2 1 c-axis
wurt-
zite
ao = 3.11 
c0 = 4.98
InN 2146 0.65 0.8
3.7 || c-axis
5.7 1 c-axis
wurt-
zite
a0 = 3.54 
co = 5.7
ScN 2600
1.3ind-
2.1d-
0.1-10 4
rock­
salt ao = 4.51
The current applications of GaN include lasers, ultra-high brightness, and
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white light LEDs. The first LEDs were developed in the 1960s and were 
capable of producing red and infra-red light. As time progressed the light 
generation efficiency of these LEDs was increased and other colors of the 
visible spectrum, namely red through green, were added to the spectrum 
that could be emitted by LEDs. But to produce white light, the color blue 
had to be included in the LED spectrum. With GaN-based LEDs, solid state 
lighting generating white light can be produced and currently companies as 
Osram and Philips provide such white light LEDs products as alternatives to 
the classic light bulb. In terms of power consumption solid state lightning 
outshines the light bulb, though the white light emitted by LEDs is generally 
considered 'cool' in contrast to the light bulb. LED lighting, however, has 
the added advantage that it can easily be tuned to any desired color.
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o
CD !_
.C
% o 
O
a
a
Figure 2.1 Unit cell of wurtzite gallium nitride.
GaN-based lasing devices are used for data storage, such as the recently 
developed Blu-ray DVD standard. The main reason for this is the short 
wavelength of light emitted by GaN, which allows for a reduction of the 
spot size as projected by the laser. A narrowing of the spot size not only 
increases the amount of data stored on e.g. DVDs, but it is also applicable 
to, for example, the printing industry, where it can be applied to increase 
the resolution to achieve sharper images.
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In the future GaN is expected to be utilized in high power, high frequency 
transistors. The applications include compact radar systems and broad­
band wireless communication equipment. At the moment, mostly silicon is 
applied in wireless communication, but the market for GaAs and SiC-based 
devices is growing, which reveals the demand for more efficient transistor 
amplifiers. The amplifying capabilities of GaN transistors exceed those of 
both GaAs and SiC. Utilizing GaN-based transistors for power amplification 
would result, not only in an increase in efficiency in terms of the input­
output power ratio, but also in a reduction in costs and equipment size due 
to GaN's better heat dissipation and linearity.
GaN, like all III-nitrides, can exist in three forms, depending on the condi­
tions under which it is formed: wurtzite, zinc-blende, and rock-salt. Wurtzite 
is the thermodynamically most stable configuration and its unit cell is shown 
in figure 2.1. Most of the GaN produced by HVPE, MOCVD, MBE, nitridation, 
and high pressure methods has this particular crystal structure. The same 
applies for InN and AlN and it is in combination with these materials that 
the full potential of the III-nitrides is revealed. Alloys of GaN with either 
InN or AlN allow for bandgap engineering from the UV, through the entire 
visible spectrum, towards the infrared (figure 1.3). This functionality can 
be exploited in creating any color or even white LEDs, laser diodes, and UV 
detectors.
2.1.1 Bulk GaN growth methods for the production of 
GaN Substrates
As previously stated in chapter 1, the ideal substrate for GaN epitaxy would 
be high quality single crystalline GaN. The drawbacks of using foreign sub­
strates are summarized in the excellent review on substrates for GaN epi­
taxy by L. Liu and J. H. Edgar [9]. Native GaN substrates are commercially 
available, though the high prices restrict the market to mostly multime­
dia systems, such as Blu-ray players. Because of the tremendous poten­
tial of GaN-on-GaN devices, the growth of large high quality GaN crystals 
receives considerable interest from industry. The current debate is over 
which technique is best suited to mass-produce such GaN boules at com­
mercially viable rates and costs. The ammonothermal method has made 
considerable progress the last few years and appears to be, momentar­
ily, the most promising technique. Alternatives include the high-pressure
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growth of GaN and HVPE. Currently these different techniques, described 
in the next sections, compete to achieve the following goal: large, free­
standing, epi-ready GaN wafers with a high structural and optical quality, 
produced at low costs and rapid growth rates. We will briefly explain each 
of the above bulk growth methods.
Ammonothermal method
The ammonothermal method is analogous to the hydrothermal growth tech­
nique for the mass production of a-quartz. This method was first used to 
manufacture bulk AlN crystals [20] and in recent years is showing tremen­
dous potential for the production of high quality GaN substrates: in 2008 
Mitsubishi Chemical Corporation presented a 5.8 mm thick GaN crystal with 
a total diameter of 52 mm, grown via the ammonothermal method. The 
sample was colorless and pit-free within a 46 mm diameter.
Ammonothermal synthesis makes use of the solubility of minerals con­
taining gallium and nitrogen in certain hot solutions under high pressures. 
The crystal growth is performed in a so-called autoclave in which the nutri­
ent solution is supplied and a temperature gradient is maintained at the op­
posite ends of the growth chamber. At the hotter end the nutrient dissolves 
while the cooler end causes material to absorb onto the seed crystals, which 
increases their sizes and thus results in bulk GaN growth.
The outstanding performance of ammonothermal GaN substrates for opto­
electronic GaN devices was demonstrated by Kudrawiec e t al. [21, 22]: for 
MOCVD-grown GaN on 1 inch GaN substrates they observed in their (photo)- 
reflectance measurements ~1.2 meV narrow exciton lines for the FXA and 
FXB exciton at 3.478 and 3.484 eV, respectively. The sharp emission lines 
indicate a very high optical quality and an unstrained GaN layer. Hence, 
the performance of GaN-based applications on ammonothermal GaN sub­
strates has tremendous potential. Since the quality of the crystal is already 
high, the remaining issues are the cost and scalability. While scalability of 
the ammonothermal setup itself is not suspected to become an issue, the 
availability of sufficiently large seed crystals for scaling up the ammonother­
mal method to 3 inch diameter wafers or more is currently halting further 
development of this method. Growth in the lateral directions during the am­
monothermal method is negliable compared to growth rate perpendicular 
to the wafer's surface. Ammonothermal methods therefore are unable to
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scale up the diameter of their GaN substrates and need to rely on a different 
method to produce large diameter wafers, which can be used as seeds. The 
best candidate, at the moment, for the growth of such large GaN wafers, is 
HVPE, as it is capable of growing GaN on foreign substrates.
HVPE
The principles of HVPE such as its high growth rate, which will be explained 
in more detail in chapter 3, make it a well suited technique for creating 
large GaN boules. The main drawback is that one either has to start with 
a foreign substrate, or use very expensive native GaN substrates. When 
growing on a foreign substrate, it is necessary at some stage to remove it 
to reduce the substrate's influence on, for example, the strain in the GaN 
layer. Several methods are available for this, but primary laser liftoff (see 
figure 2.2) and void-assisted liftoff are applied to separate the GaN from the 
substrate.
Void-assisted liftoff utilizes a sacrificial buffer layer. The substrate or 
a thin layer of GaN on top of the substrate is treated outside the actual 
growth reactor to facilitate the formation of small holes or voids between 
this template and the GaN layer which will be grown on top of it. The voids 
are generated by the partial decomposition of, for example, a thin ZnO 
layer between the substrate and the GaN, or by selective area overgrowth, 
where small voids are formed as a partial GaN layer coalesces. These voids 
reduce the bonding between substrate and GaN layer and, when sufficient 
force is applied, usually through the strain generated by the mismatch, the 
GaN layer breaks free of the substrate. Though the preparation of the void- 
assisting layer outside the reactor might be cumbersome, its main advan­
tages are the possibility of GaN growth on foreign substrates and the fact 
that the strain induced by the mismatch is resolved automatically when it 
reaches the force required to break the GaN layer free of the substrate. 
Contamination of the GaN by foreign elements from the additional layer re­
quired for void formation and the controllability of the process are the main 
problems of the void assisted technique.
Laser liftoff is performed after the growth of the GaN on the substrate 
and does not require any pretreatment. The grown sample is placed with 
the substrate side up on a heating element while a laser spot is moved 
over the surface of the wafer, usually in a spiral pattern, as shown in fig-
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Figure 2.2 Schematic and actual picture of the laser liftoff setup (a) and a piece 
of freestanding GaN wafer obtained by this method (b).
ure 2.2. The laser wavelength is chosen such that the laser light is trans­
mitted through the substrate but absorbed in the GaN layer. This limits 
the choice in substrates but it works well for sapphire, which is the most 
commonly used foreign substrate. Due to the absorption of the energy 
in the laser light, the GaN at the interface between GaN and substrate is 
decomposed into Ga^) and N2(g). When performed correctly the GaN layer 
should delaminate and free-standing GaN is obtained. While it is a relatively 
easy method of obtaining free-standing GaN, the main drawback is that the 
substrate is present throughout the growth of the GaN, which results in a 
permanent bending of the wafer, even after the substrate is removed.
High pressure growth
One of the first promising methods of bulk GaN growth was developed at 
the High Pressure Research center in Warsaw under the name "high nitro­
gen pressure solution” growth [11]. GaN is spontaneously crystallized and 
grown from gallium melt saturated with 1 at.% nitrogen at temperatures up 
to 1700°C and nitrogen pressure up to 20,000 atm. The crystal forms as 
hexagonal platelets (up to 3 cm2 in diameter) or needles with lengths up to 
1 cm. The structural quality of these GaN crystals is excellent with low dis­
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location densities and negligible straining. However, large concentrations 
of residual impurities, such as oxygen and carbon, and point defects seri­
ously decrease the optical and electrical performance. Still, the absence of 
strain and the extremely low dislocation densities make these high pressure 
GaN crystals ideal substrates for high quality GaN devices such as blue light 
lasers.
Several alternative methods, such as the low-pressure solution growth 
[23] and the "sodium" method [24], each with their own drawbacks, ex­
ist. Like the ammonothermal and high pressure methods, these two are 
liquid phase epitaxy techniques and require a seed crystal. Spontaneous 
crystallization has been reported for the high pressure method.
2.2 Indium Nitride
The size of InN's bandgap has been a subject of controversy for the last 
few years, but a definitive value was established in 2004. Early studies on 
polycrystalline InN films had led to the general belief that it was a semi­
conductor with a bandgap of about 1.9 eV [25, 26]. Recently, when more 
serious efforts were undertaken to grow single-crystalline InN by MBE, it be­
came clear that a revision of the bandgap was necessary and its value was 
brought down to 0.7 eV [27, 28]. This meant that by combining GaN (or 
AlN) and InN one can cover the UV to the infrared, which includes the en­
tire visible spectrum. At the start of this century, InN research underwent a 
significant upsurge, which unfortunately led to the many conflicting reports 
of the InN bandgap, most caused by the dramatic variations between the 
quality of InN samples, produced by different growth techniques.
The growth of InN is subject to more severe restrictions than the other III- 
nitrides. For example, MBE growth of InN is only possible in the temperature 
window of 480-550°C. The window in which single-crystalline InN growth by 
MOCVD is possible appears to be equally narrow [29].
Despite these difficulties, a growing number of InN demonstration de­
vices were realized. InN was applied in gas/liquid sensors [30], transparent 
windows for heterojunction solar cells [31], thermoelectric devices [32, 33], 
and terahertz radiation devices [34, 35]. The commercially most interest­
ing applications of InN are found in its possibility to alloy with GaN as indi­
cated in figure 1.3, resulting in InGaN which can be used for LED production
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[7, 36]. InGaN devices are currently only exploited in the Ga-rich regime, 
as achieving high indium content in InGaN is one of the much coveted tar­
gets needed for, among others, high frequency microwave transistors [37]. 
Pure InN-based HFET devices could possibly operate at higher microwave 
frequencies than GaN-based devices [38] and InN's electron transport prop­
erties appear to be superior to both GaN and GaAs in the wide temperature 
range o f-120 to 230°C [39].
2.3 Aluminum Nitride
AlN is an extremely wide bandgap group III nitride semiconductor. Its band­
gap of 6.2 eV puts it deeper into the UV spectrum than GaN. UV light cannot 
be detected by the naked eye, hence AlN-based communication devices 
could operate efficiently in regions where other equipment operation could 
be disrupted by visible or infrared emissions. Similar to InN, numerous po­
tential applications of AlN lie in its alloying with GaN, thus creating optical 
devices which cover the spectrum from the blue into the UV. Apart from 
its wide bandgap, AlN also possesses other outstanding physical properties 
such as its hardness, high thermal conductivity, and resistance to high tem­
peratures and caustic chemicals. Its hardness makes AlN well-suited as a 
protective coating for machining or drilling tools, though at the moment TiN 
is usually applied for such purposes. Its high thermal conductivity and wide 
bandgap make AlN a good substrate material for GaAs or silicon, especially 
since there is a match in thermal expansion coefficients between AlN and 
these materials. AlN's excellent thermal conductivity also allows for effi­
cient cooling of chip sets, such as processors, grown on top or made of AlN 
materials.
The major issue with the growth of AlN is the high reactivity of Al to­
wards oxygen. Hence, high purity source materials and an oxygen-free 
environment are required to grow high quality AlN. Oxygen contamination 
has led to the misreporting of several of the properties of AlN in early mea­
surements. With the introduction of MBE and newer CVD techniques, the 
oxygen content in the AlN samples was minimized and currently 1 inch AlN 
substrates with a very low defect density are commercially available. Such 
substrates are commonly produced by a sublimation method, though, for 
example, HVPE of AlN is possible with certain modifications to eliminate the
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etching of the quartz ware by the AlCl precursor.
2.4 Scandium Nitride
Scandium nitride is a fascinating nitride semiconductor, foremost because 
of its double bandgap structure: ScN possesses an indirect bandgap around 
1.3 eV and a direct one in the 2.1 to 2.4 eV range. This makes alloying GaN 
with ScN a possible alternative to InGaN for use in light emitting devices 
or solar cells [40-43]. In addition, multifunctional ScN-based devices, like 
actuators and detectors, are conceivable, if the strong electromechanical 
response predicted for hexagonal ScN can be utilized [44].
In contrast to the above mentioned group III-nitrides, ScN crystallizes 
in the rock-salt phase with a lattice parameter of 4.505 A. The octahedral 
bonding in cubic ScN makes the incorporation of transition-metal atoms like 
Mn or Cr more favorable than in the tetrahedrally coordinated III-V semicon­
ductors. Transition metal doping of these hexagonal III-nitrides is generally 
considered to be a viable path for creating spintronic materials. These ma­
terials allow one to selectively channel electrons based upon their spin up or 
down orientations and are essential for magnetic harddrives or MRAM com­
puter memory, which can preserve their information without power. Simi­
larly, the successful incorporation of Mn into ScN has been demonstrated 
[16] and ab initio calculations predict Mn-doped ScN to be a dilute ferro­
magnetic semiconductor [45]. The high hardness (H = 21 GPa), mechanical 
strength, and high melting point (2600°C) also suggest ScN is a good mate­
rial for wear-resistant and optical coatings. Finally, the ScN (1 1 1) plane is 
nearly lattice-matched to the GaN (0 0 0 1) plane, which makes ScN buffer 
layers a cheap alternative to GaN substrates for overcoming the usual mis­
match between GaN and most of its available substrate materials.
Experimental techniques
Chapter _____________________________
This chapter will explain briefly the techniques applied in this work to 
grow gallium nitride. Primarily hydride vapor phase epitaxy (HVPE) was 
applied to GaN-on-sapphire templates, grown by metal-organic chemi­
cal vapor deposition (MOCVD). The chemistry of the processes and re­
actor layouts will be described, focusing on HVPE. Modifications made 
to the HVPE system in order to grow ScN, InN, and AlN are described in 
their respective chapters.
In the second part of this chapter, we will shortly describe the character­
ization techniques that were used in this work. Optical microscopy and 
interferometry revealed the morphologies of the grown III-nitride layers. 
Scanning electron microscopy (SEM) and atomic force microscopy (AFM) 
were used for high magnification studies of the semiconductor surfaces. 
The internal structure of the materials was probed by X-ray diffraction 
(XRD) and transmission electron microscopy (TEM). The presence of de­
fects inside a film could be determined by either orthodox etching in 
molten KOH/NaOH eutectic or by photo-etching. The elemental compo­
sition and distribution of the grown materials were revealed by the en­
ergy dispersive analysis of X-rays (EDX). Finally photoluminescence (PL)
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3.1 Deposition techniques
3.1.1 Hydride Vapor Phase Epitaxy
Though hydride (or halide) vapor phase epitaxy was successfully applied for 
GaN epitaxy [3] early on in the 1970s, its inability to create p-type material 
made most researchers turn to MBE or MOCVD for creating high quality 
GaN layers with the desired properties. However, the growth of such high 
quality material requires a decent substrate and by far the best substrate 
for GaN devices is GaN itself. The extremely high growth rates of HVPE 
made this deposition technique therefore commercially interesting again 
as a bulk GaN production method. In addition to reductions in production 
time, when growing GaN with HVPE, the costs are lowered as HVPE does 
not require a high vacuum such as MBE or expensive precursor gases like 
MOCVD.
In HVPE the metal precursor is produced by the direct contact of volatile 
HCl with the pure metal, eliminating the costly step of producing these 
precursors separately. Any additional impurities, such as carbon, originat­
ing from the side groups which are needed to make the metal precursor 
molecule volatile, are limited to Cl, which is not incorporated into the GaN 
crystal. The nitrogen is supplied by an equally simple precursor, namely 
NH3. The application of these molecules simplifies the chemistry of the 
HVPE GaN formation, compared to e.g. MOCVD.
While both MBE and MOCVD allow for increased control of the interface 
up to atomic resolution, making both techniques appropriate for device cre­
ation, HVPE is best at producing thick films of GaN at relatively low costs. 
The ease at which HVPE can be scaled up to larger wafer diameters is an im­
portant advantage of this technique over other bulk GaN production meth­
ods, such as the high pressure methods [46] or ammonothermal methods 
[12].
A typical HVPE reactor consists of a main tube through which the gases 
flow continually to remove impurities (figure 3.1). Inside the main tube are 
two separate inlets for NH3 and the metal chlorine precursor. The latter 
inlet contains the boat holding the gallium shown in figure 3.2. A more 
technical and complete schematic of the reactor is given in figure 3.3. The 
supply and removal of gases is done by an intricate system of lines, valves, 
pumps, and mass flow controllers.
3.1. Deposition techniques 27
nozzle with
Ga boat
rotating disc with 
substrate 
susceptor
Figure 3.1 Schematic representation of a typical HVPE reactor.
In HVPE a large part of the reactor is heated by an oven surrounding the 
main tube. High temperatures in the oven allow nitride formation reactions 
to take place at any surface in the hot region, hence it is important to keep 
the nitrogen and metal precursors separate until they reach the substrate. 
To minimize this parasitic deposition of nitride material on places other than 
the substrate, one can set the upstream heating elements of the oven to 
lower temperatures. These temperatures must still be sufficiently high to 
not only facilitate but also maximize the formation of the metal chlorine 
precursor, restricting the upstream temperature range. Residual HCl trans­
ported to the sample can result in etching of the growing crystal.
The metal chlorine precursor is formed by the direct contact of HCl(g)
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Figure 3.2 CGI image of the HVPE boat containing gallium. The small compart­
ment can be loaded with a different material for doping and alloying studies.
with the pure metal (Ga, Al, Sc, or In), placed in the so-called boat (fig­
ure 3.2). According to Seifert et al. [47] the efficiency of the GaCl(g) for­
mation reaction is 94-96% in the 850-900°C range. But apart from the 
reaction efficiency, the GaCl formation is also limited by diffusion of HCl 
gas to the Ga surface. Increasing the gas velocity, for example, can reduce 
the conversion ratio [48]. The thermodynamics of the GaCl formation are 
well understood [49]. Considerably less is known about different group III 
precursors for AlN, InN, and ScN HVPE.
AlN HVPE proceeds in a similar manner with the main exception being 
the use of the AlCl precursor, which etches the reactor's quartz ware, in 
contrast to GaCl. As a consequence either the reactor must be modified or 
one is forced to change the source conditions to produce AlCl3 [50]. The 
first thermodynamical calculations on In chlorine precursors [51] suggest 
that no growth occurs when using InCl [52] making it necessary to produce 
InCl3, e.g. by reacting the indium with Cl2 at 500°C instead of HCl. No 
information is available on volatile scandium chloride compounds at this 
time.
The actual crystal growth of HVPE GaN has been even more extensively 
researched than the precursor formation and it is currently well understood
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Figure 3.3 Schematic representation of the complete HVPE setup. The SiH4 lines 
were later adapted to channel Cl2 instead of SiH4. The Cl2 was fed into the reactor 
through the same entry as the HCl gas.
[49, 53-55]. In short, the ammonia and gallium chlorine precursors are 
adsorbed on the surface of the crystal and decompose there to form GaN. 
The NH3(g) decomposes as [53]:
3
NH3 (g) + surface vacancy ^  Nadsorbed + ^H2(g)■ (3.1)
Two mechanisms are involved in the growth of (0 0 0 1) GaN. The first 
is based on the desorption of HCl(g) molecules, following a surface reaction 
with H2(g), leading to an intermediate state, according to Cadoret et al. [54]:
2NGaCladsorbed + H2(g) ^  2NGa-HCladsorbed; (3.2)
NGa"HCladsorbed ^  NGaadsorbed + HCl(g) ■ (3.3)
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In the second mechanism GaCl3 molecules desorb after the adsorption 
of a single GaCl on two underlying GaCl molecules [54]:
2NGaCladsorbed + GaCl(g) ^  2NGa-GaCl3adsorbed; (3.4)
2NGa-GaCl3adsorbed ^  2NGaadsorbed + GaCl3(g) ■ (3.5)
Under standard HVPE conditions for GaN growth, the overall reaction 
mechanism will be [56]:
GaCl(g) + NH3 (g) ^  GaN(s) + HCl(g) + H2(g)■ (3.6)
Since none of the other III nitrides are produced on such a large scale 
as GaN, very little research has been conducted into their growth mecha­
nism. The growth conditions used for the other III-nitride compounds will be 
described in their respective chapters.
3.1.2 Metal-Organic Chemical Vapor Deposition
In our HVPE studies we often relied on GaN-on-sapphire templates made 
by metal organic vapor deposition (MOCVD) to shorten process time and 
we will briefly explain this growth technique here. The main difference be­
tween MOCVD and HVPE lies in the choice of precursors. For MOCVD these 
are produced outside the reactor by various means and a wide variety of 
these volatile metal organic compounds is available. The multitude of pre­
cursors and lower growth rates (~1 pm/h) allows MOCVD growers to create 
sharp interfaces and hetero-structured layers. In this manner devices can 
be made by, for example, growing a single p-type layer on a n-type layer of 
the same material to create a diode.
The MOCVD reactor applied in these studies also made use of an in-situ 
interferometer to determine the layer thickness and growth rate during the 
deposition process. This MOCVD reactor is, in contrast to HVPE, a cold wall 
reactor where a carbon susceptor holding the substrate is heated via a rf- 
generator, making it possible to heat the substrate to 1200°C in less than 
15 minutes. All this results in a high rate of reproducibility and sharp control 
over the properties of the grown materials. Because of this high degree of 
control and excellent reproducibility, MOCVD templates have often been 
used for overgrowth by HVPE in these studies.
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3.2 Characterization techniques
To determine the properties of the materials, produced e.g. by MOCVD or 
HVPE, a wide range of different techniques is available. In order to obtain 
a clear picture of the structural, electronic, and optical properties of the 
material under investigation, one is forced to always apply multiple charac­
terization techniques. The most commonly used characterization methods 
in this thesis are briefly discussed here.
3.2.1 Scanning Electron Microscopy
After traditional optical microscopy, SEM first comes to mind for materials 
characterization at a microscopic scale. The costs are reasonable, operation 
is fairly simple, and the measurement time is short. The SEM provides the 
user with an image that very closely resembles what one would "see" with 
the naked eye at the applied magnifications. Artifacts are sometimes seen 
due to abnormalities in the materials' spatial and electronic structures. The 
resolution of the SEM extends into the nm-scale and the magnification can 
be adjusted between 10 and 300000x.
In the SEM, a beam of electrons is focused onto the sample and scanned 
by means of an deflection coil. Inside the sample the electrons undergo 
several interactions, upon which electrons or photons are emitted from the 
sample. A fraction of the emitted electrons is collected by the appropriate 
detectors from which a 2D image can be generated. Most SEM images are 
generated from either secondary electrons, backscattered electrons, or el­
emental X-rays. The latter is used in EDX (which is discussed on the next 
page). Secondary and backscattered electrons can be separated by energy. 
The secondary electrons posses lower energies than their backscattered 
brothers and are usually emitted from within the first few nanometers be­
low the sample's surface. As secondary electrons posses little energy, they 
are likely to become trapped when traveling from any deeper in the sam­
ple. The higher energy electrons are called backscattered electrons and 
have not undergone any energy loss through elastic collisions with atoms 
in the material. Secondary electrons give better topographical informa­
tion than backscattered electrons since the number of secondary electrons 
emitted is much more sensitive to the surface structure than in the case of 
backscattered electrons, which originate also from deeper within the sam­
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ple. Backscattering electrons can be used to distinguish between lighter 
and heavier elements in e.g. alternating InN-GaN layers, as heavier ele­
ments scatter more electrons.
3.2.2 Transmission Electron Microscopy
TEM requires very thin samples, either manufactured that way or polished 
to a thickness less than 200 nm. A focused electron beam is incident on 
one side of the sample while the emissions from the sample are detected 
on the other side. The advantages of TEM are its high spatial resolution and 
its capability to provide the user with both image and diffraction data from 
a single sample. One of the drawbacks of using TEM for thin film research 
is that often the desired viewing direction is parallel to the plane of the 
sample, making it necessary to polish away large amounts of material with 
the risk of breaking or cracking.
3.2.3 Energy dispersive analysis of X-rays
EDX is similar to SEM, but makes use of the elemental X-rays instead of 
electrons. The X-rays are produced by removing one inner shell electron 
from an atom in the sample by high energy electron radiation. In order to 
return to the atom's ground state an electron from a higher energy shell 
has to 'drop down' and fill the hole in the inner shell. This transition is ac­
companied by the release of energy corresponding to the potential energy 
difference between the two shells in the form of an X-ray. Since these tran­
sition energies are different for each atom, one can energy separate the 
emissions from the sample according to element. In this manner one can 
determine the composition of a certain material and the spatial distribution 
of the elements over the sample's surface.
3.2.4 Atomic Force Microscopy
AFM is based on scanning tunneling microscopy (STM), but its scanning 
range is much wider and includes semiconductors, organic molecules, and 
crystal growth monitoring in solution. Similar to STM, in AFM a narrow tip 
is dragged over the surface of the sample while the interaction between
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Figure 3.4 Laser reflecting of the cantilever of an atomic force microscope.
the surface and the tip is used in a fast feedback mechanism to keep the 
distance from the tip to the surface constant. In STM this interaction is 
the tunneling current between sample and tip brought about by an applied 
potential between the two, while AFM makes uses of the forces between 
the atoms on the samples' surfaces and the tip. The force is measured by 
the deflection of the cantilever on which the tip is mounted. This deflection 
is in turn recorded by tracking the reflection of a laser spot shone on the 
cantilever (see figure 3.4). For AFM the diameter of the tip determines the 
resolution and this is usually lower than in STM, but the latter is only limited 
to conductive materials.
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Figure 3.5 Schematic of the microscope based white light interferometer used in 
these studies (adapted from the Veeco manual). In the figure it is equipped with a 
Mirau-type interferometric objective, typically employed for magnifications of up 
to 50x.
3.2.5 Optical profiling
Optical profilers (figure 3.5) are specialized interference microscopes that 
utilize the interference of two beams of light for characterizing surface to­
pographies. The two beams are commonly made by splitting a light beam 
coming from a single source, which emits at a single wavelength A. One 
beam is then directed towards the sample's surface, while the other is re­
flected back from a reference mirror. As the beam reflected from the sam­
ple's surface is superimposed on the reference beam, interference patterns 
appear. Small differences in height h(x, y) on the sample's surface intro­
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duce small differences in the path lengths of the two beams. The relative 
phase difference e(x, y) between the beams is then equal to 22nh(x,y). Con­
structive interference occurs when the phase difference equals nn, where 
n is an integer. The recorded intensity for this site on the surface is then 
high. Should the phase difference e(x, y) be equal to m2, the two waves 
cancel one another. No light appears to reach the detector. This is called 
destructive interference.
Moving the beam over the sample in this manner, one can construct 
an interferogram. The height differences on the sample surface are then 
translated into a pattern of bright and dark contrast fringes. The fringes 
are the result of repeated constructive and destructive interference. Two 
adjacent dark fringes, for example, indicate a height difference of | . Using 
interferometric phase-mapping programs, a height profile of the sample 
surface can be derived from this interferogram.
When light of a single wavelength is used to measure the interferogram, 
this method is commonly referred to as phase shifting interferometry (PSI). 
However, this technique is only applicable to smooth surfaces, where the 
height difference between adjacent pixels on the detector does not exceed 
| . PSI relies on the height differences between adjacent fringes being equal 
to 2. It cannot distinguished between a single |  height difference or multi­
ple 2s between adjacent pixels, as both will result in similar contrast fringes.
This problem can be resolved by utilizing additional light sources with 
different wavelengths. Ultimately, one can use white light. This method is 
called vertical scanning interferometry (VSI). While PSI examines the shape 
of the fringes, VSI seeks the ultimate focus position by moving the detector 
perpendicular to the sample's surface. The interferometer is aligned so the 
interference intensity distribution along the vertical scanning direction has 
its peak (best contrast fringes) at the best focus position. Though VSI can 
be applied across a wider range of surfaces, PSI has the higher resolution.
3.2.6 X-ray diffraction
In XRD experiments the sample is probed with a collimated beam of X-rays 
(figure 3.6a). In the case of copper Ka radiation, the wavelength of the X- 
rays is 1.54 Â. The periodicity in the crystal structure of the material under 
investigation determines the diffraction pattern coming of the sample. The
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Figure 3 .6  Schematic of XRD setup (a) and the principle of Bragg reflection (b).
diffraction peaks follow Bragg's law: X = 2dhklsm(9) (see figure 3.6b). One 
can thus determine the stacking of the planes in the crystal by utilizing this 
law.
This is done by rotating the X-ray source over an angle 9, while keeping 
the detector at an angle 29, thus obeying Bragg's law. A peak is recorded 
solely, when 9 reaches a value that, according to that same law, corre­
sponds to the actual crystal plane stacking spacing dhkl of the sample. 
Matching the values of dhkl to known or calculated values, one can con­
struct the structure of the crystal. A 9-29 scan reveals the plane stacking, 
and consequently the out-of-plane orientations, of the thin crystalline film 
under investigation. The above applies solely to the so-called symmetric 
peaks, which are detected regardless of the rotation 0 of the sample in the 
(h k l) plane. For such symmetric peaks the stacking in figure 3.6b does not 
change when rotating the sample by an angle 0 around the vertical axis. 
One can also image a different type of plane stacking which does change 
when rotating the sample around the 0 axis. This imposes an additional re­
striction on the Bragg condition: a signal is detected solely with the correct 
settings for 9, 29, and now also 0. For other values of 0 the intensity goes 
to zero. Peaks with this additional requirement for the 0 angle are referred 
to as asymmetric.
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In thin film growth, the orientation of the substrate is commonly known. 
The out-of-plane orientations of the film can be determined by the above 
described 9-29 scan. One now knows which crystal planes are pointing 
upwards, up being normal to the substrate surface. For GaN on (0 0 0 1) 
sapphire, this is usually the (0 0 0 1) GaN plane. However, there is still a de­
gree of uncertainty in the in-plane orientation of the GaN layer with respect 
to the the substrate. How did the, for example, (10  1 0) GaN plane align 
with the (10  1 0) sapphire substrate plane? In figure 3.6a, this translates 
to knowing the angle 0 between (10 1 0) GaN and (10  1 0) sapphire. This 
orientation can be resolved by locating one asymmetric peak, which be­
longs to the thin film under investigation. Rotating the sample by an angle 
0 or tilting by x  will cause this peak to disappear. The peak will reappear at 
different angles in correspondence with the symmetry of the peak. For ex­
ample, rotating the sample full circle will yield six different peaks for a peak 
with hexagonal symmetry. If one additionally tilts the sample to include an 
asymmetric substrate peak in the same scan, the in-plane orientation of 
the film with respect to the substrate can be determined. Such a scan is 
called a pole figure. Pole figures can be also be used to study the texture 
of the sample. Sharp individual peaks indicate good crystallinity. Foramor- 
phous films the asymmetric peaks are smeared out and one measures a 
continuous ring rather than individual peaks.
Another common XRD technique is the reciprocal space map. Basically 
one selects a Bragg peak of particular interest and then makes a 2D high 
resolution scan of the peak itself. The scan is performed along two prese­
lected crystalline directions. A reciprocal space map reveals the distribution 
of the lattice parameter, associated with this peak, along these directions. 
It can be used to visualize strain distributions in thin films. In this work it 
will be applied to accurately determine the indium content x in InxGa 1 -xN 
films from the shift in lattice parameter of the InGaN film compared to that 
of pure GaN.
As a measure of the crystalline quality of the material, one can fix the 
detector at a 29 angle obeying Bragg's law for the material under investi­
gation and move the source slightly back and forth around the 9 angle. This 
is called a 'rocking curve' or HRXRD. The broadening of the recorded curve 
is related to the dislocation density of the material. Simply put, the dislo­
cations broaden the distribution of the lattice constants, which in turn can 
be probed by XRD. The symmetry of the dislocation (in terms of the Burg­
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ers' vector) has to correspond to the symmetry of the crystalline direction 
under investigation. E.g. in the case of GaN the broadening of the symmet­
ric (0 0 0 2) peak is caused by screw dislocations while a rocking curve of 
the asymmetric (1 0  1 5 ) direction is broadened by edge and mixed type 
dislocations.
3.2.7 Photo- and cathodoluminescence
In both photo- and cathodoluminescence (PL and CL) the photons, emitted 
by electrons crossing the bandgap down from the conduction band into the 
valence band, are detected and examined. Any defect level present inside 
the bandgap can affect the energy of the photon, emitted by the electron 
making the transition into or from the defect level. Most common in GaN are 
oxygen and carbon impurities, which emit a broad band of yellow light. As 
the electronic properties of the material are influenced by strain, impurities 
and defect levels, estimates for these properties can be deduced from the 
luminescence spectra. The difference between PL and CL lies in method 
of exciting electrons across the bandgap. PL utilizes a laser with a photon 
energy larger than the bandgap, while in CL the electrons are excited by 
means of a focused high energy electron or ion beam.
3.2.8 Selective etching
The large mismatch between GaN and sapphire results in high numbers of 
defects in MOCVD and HVPE grown GaN layers, but they often remain hid­
den beneath the smooth surface of the sample. They can be revealed by 
etching the sample in a KOH-NaOH eutectic mixture at elevated tempera­
tures (~400 °) for an appropriate time. During this so-called orthodox etch­
ing, the etch rate is larger at the dislocations, which results in the formation 
of hexagonal pits at the surface. Screw dislocations etch the fastest, leaving 
behind the largest pits, while pits originating from edge dislocations have 
the smallest diameters. Mixed dislocations yield intermediate sized pits.
Similarly, one can etch selectively based on local variations in the carrier 
concentration in a single sample. This type of photo-electrochemical (PEC) 
etching is performed in an aqueous solution of KOH or K2SO4, while the 
sample is illuminated with UV light from a Xe lamp to generate the free 
carriers.
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On the nucleation, coalescence, 
and overgrowth of HVPE GaN 
on mis-oriented sapphire 
substrates and the origin of 
pinholes
Reasonable quality GaN, for e.g. LEDs, can be grown on cheap sapphire 
substrates. The nucleation of HVPE GaN directly on bare, mis-oriented 
sapphire substrates and the transition from the nucleation layer to an 
epitaxial film were therefore investigated. Directly above the sapphire, 
the distribution of defects is strangely inhomogeneous: After a KOH/- 
NaOH eutectic etch of the approximately 45 ^m  thick GaN layer, the 
cross-sections revealed columnar structures, up to roughly 1 ^m  above 
the sapphire substrate. Photo-etching of the thick GaN layers revealed 
inhomogeneous defect distributions along the cross-sections, which ap­
peared to be related to the numerous pinholes originating at the GaN/­
sapphire interface. We explain the formation of pinholes by the coales­
cence of the GaN nuclei during the epitaxial overgrowth.
T. Bohnen, A. E.F. de Jong, W. J.P. van Enckevort, J. L. Weyher,
G. W.G. van Dreumel, H. Ashraf, P. R. Hageman, and E. Vlieg 
J. Cryst. growth 311, 4685 (2009)
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4.1 Introduction
Most commonly, the performance of GaN-based devices is limited by de­
fects. These defects can act as electron-hole pair recombination centers or 
as scattering centers that limit thermal conductivity. In typical GaN devices 
one comes across a multitude of structural defects, such as dislocations and 
inclusions of cubic GaN. Most of these originate from the mismatch between 
the substrate, normally sapphire, and GaN. The mismatch between GaN and 
sapphire is large (~15% [9]) and a low temperature GaN nucleation layer 
or an AlN buffer layer is often applied to partially overcome this mismatch. 
Such a GaN nucleation layer is shown in figure 4.2, where the individual 
GaN nuclei, which during overgrowth will coalesce into a smooth film, can 
be distinguished on the sapphire substrate. Despite the introduction of a 
nucleation layer and an in-plane reorientation of the GaN lattice with re­
spect to that of the sapphire, the strain in GaN layers on sapphire is still 
considerable. This results in the introduction of large numbers of defects, 
such as edge and screw dislocations (schematically shown in figure 4.1), 
which can relax the strain in the GaN layer.
a
Figure 4 .1  Schematic representation of two most common types of line defects 
in GaN: the edge (a) and the screw dislocation (b). Neither dislocation disappears 
from the top surface of the crystal during overgrowth.
Another common defect is the so-called pinhole, which is often found in 
large numbers in the first micrometer of the GaN layer [57-5 9 ]. These V- 
shaped defects consist of a void with an inverted pyramidal shape [60] and
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can introduce screw dislocations [60] or result in the formation of nanopipes 
in the crystal layers [58, 61]. The pinhole defect in this work is not to be 
confused with the inverted pyramids or V-pits, which are often observed on 
the surface of > 100 ^m  thick HVPE GaN layers [62, 63].
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Figure 4.2 SEM image of the cross-section of the annealed GaN nuclation layer 
on sapphire after a deposition time of 4 min. (a) and an interferometric height 
image of the same sample viewed from top (b). The separate 20 to 200 nm 
high GaN islands represent the morphology of the HVPE nucleation layer at the 
moment the overgrowth of a thick GaN film commences.
In this paper we investigate the nucleation of HVPE GaN on mis-oriented 
sapphire substrates. We will relate the origin of the pinholes in HVPE GaN 
to the coalescence of the GaN nuclei, which are formed on the sapphire 
substrate during the HVPE nucleation process.
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4.2 Experimental Methods
The GaN films were grown in a horizontal 4 inch homebuilt HVPE reactor on 
small pieces cut from 2 inch (0 0 0 1) sapphire wafers with a miscut of 0.3° 
towards the a-lattice direction. This misorientation of the substrate was 
used to enforce a step flow growth mode, which has been shown by Scholz 
et al. to improve the crystal quality and smoothness of epitaxial GaN layers 
[64].
Time
Figure 4.3 Schematic representation of the process applied for the deposition 
of GaN on sapphire by HVPE: a nucleation layer is deposited at 600°C at 200 
mbar on a previously nitridated sapphire substrate, which is then annealed to 
~1100°C, overgrown at the same temperature at 950 mbar, and subsequently 
cooled to room temperature.
The low temperature nucleation-high temperature epitaxy process is 
similar to that described by Richter et al. [65]. A schematic of a similar 
process is depicted in figure 4.3. In order to study the evolution of the nu­
cleation layer, a series of low temperature nucleation layers was prepared 
with increasing deposition times. These were then annealed, characterized, 
and overgrown to investigate the influence of the nucleation layer morphol­
ogy after annealing on the properties of the resulting thick GaN layer.
First, the sapphire substrates were heated to 1000°C at 200 mbar, clea-
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ned in a H2-containing atmosphere for 3 minutes, and then nitridated for 
10 minutes under a constant NH3 flow. Subsequently, the samples were 
cooled to approximately 600°C at which point NH3 was combined with GaCl 
obtained from the direct reaction between liquid Ga and 30 sccm of gaseous 
HCl to form the GaN nucleation layer. The deposition times in this nucle­
ation step were 2, 2.5, 3, 3.5, and 4 minutes for the different experiments. 
The gallium precursor flow was kept constant to ensure similar supersat­
urations for all the above deposition times. Small variations around the 
predetermined optimum deposition time were chosen as a wide parameter 
sweep of both the deposition time and gallium precursor flow yields mostly 
polycrystalline GaN, as was determined by Prazmowska et al. [66]. We ver­
ified this using additional deposition times of 1 and 15 minutes. The first 
resulted in incomplete surface coverage of the overgrown GaN film, while 
the latter yielded polycrystalline GaN upon overgrowth.
Next, the samples were heated to the growth temperature of 1080°C 
under a constant NH3 flow in approximately half an hour and then slowly 
cooled to room temperature. The nucleation layer deposited at 600°C is 
nanocrystalline and not suited for epitaxy. The high temperature NH3 an­
nealing of the nucleation layers changes their morphologies to those seen 
in figure 4.5, a process thoroughly studied for MOCVD GaN by Koleske et 
al. [67]. As the heating of our HVPE reactor is slow (~ 1 hour), the nucle­
ation layer will have reached a stable state during this phase. We found no 
significant changes in crystal quality of the thick GaN layers when the nu- 
cleation layers were annealed, cooled to room temperature, and reheated 
to be overgrown, as compared to nucleation layers, which were directly 
overgrown after the annealing phase.
Finally, the samples were cut and, for each nucleation layer deposition 
time, a piece was placed in the reactor for overgrowth. The other pieces 
were used to investigate the morphology of the annealed nucleation layers. 
In different growth experiments, a 5 and a 45 pm thick GaN layer were 
deposited on the nucleation layers at 1080°C and at a pressure of 950 mbar 
using hydrogen as the main carrier gas. These thicknesses were chosen to 
study the overgrowth in its initial and final stages. For each overgrowth 
time, all pieces with the different nucleation deposition times were placed 
together in the reactor to ensure identical overgrowth conditions for all the 
samples.
The annealed nucleation layers and overgrown samples were character­
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ized by optical microscopy, (cross-sectional) scanning electron microscopy 
(SEM), interferometry, d /2d XRD measurements, and rocking curve scans. 
Defect selective etching was performed in a molten eutectic of KOH/NaOH 
above 400°C for an appropriate time to reveal all dislocations [68]. Photo­
etching was performed in a stirred aqueous KOH solution utilizing the UV 
light from a Xe lamp [69].
Figure 4.4 SEM image of the low temperature nucleation layer after 3  minutes 
of deposition time and prior to annealing.
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4.3 Results
First, the low temperature deposition prior to annealing was examined. To 
facilitate better wetting of the nucleation layer, the sapphire is cleaned in 
a hydrogen containing atmosphere and nitridated above 1000°C, prior to 
cooling down to 600°C for the deposition of the nucleation layer. Figure 4.4 
shows the morphology of a nucleation layer after 3 minutes of deposition 
at this temperature. The average size of the crystallites is in the nano­
range and does not exceed 250 nm. Most crystallites appear elongated 
in a preferential direction, which, in turn, appears to possess a threefold 
symmetry.
Figure 4.5 SEM images of the evolution of the nucleation layer obtained after 
annealing for increasing deposition times of 2 (a), 2.5 (b), 3 (c), 3.5 (d), 4 min (e).
Next, this low temperature nucleation layer is heated to 1000°C for an­
nealing under a constant NH3 flow. Figure 4.2 shows the typical morphology 
of a HVPE GaN nucleation layer after annealing. After annealing, individual 
GaN islands cover the surface of the sample, which was grown with a depo­
sition time of 4 minutes. The height of the islands on a single sample varies 
between 20 and 200 nm, as was determined by interferometry, for all of 
the different deposition times (figure 4.2b).
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Despite the differences in deposition times, no major changes can be 
seen in the morphology of the nucleation layers after high temperature 
annealing as the thickness of the low temperature nucleation layer is in­
creased (figure 4.5). This morphology is that of the GaN nucleation layers 
prior to overgrowth into an epitaxial GaN layer. d /2d XRD measurements 
confirmed that all out-of-plane orientations of the annealed nucleation lay­
ers with different deposition times were similar. Assuming that the side- 
faces of the islands in figures 4.5a through e also possess similar crystallo- 
graphic orientations, the broadening of the islands' edges with increasing 
deposition time suggests an increase in the island height. During annealing, 
as shown in figures 4.5a through e, small islands are formed which increase 
in height but not in the lateral directions for increasing deposition times.
The preferential direction of surface diffusion due to the step flow growth 
mode enforced by the mis-orientation can still be distinguished in figure 4.5a 
but it is no longer visible in figures 4.5b to e. In figure 4.5a the edges of the 
individual islands are very curved and ragged, disturbing the step flow di­
rection. This ragging effect appears to decrease as we see the island height 
increasing from figure 4.5a through to figure 4.5e.
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Figure 4.6 Full width half maxima of the rocking curve measurements' symmetric 
(0 0 0 2) and asymmetric ( 1 0  1 5 )  peaks for the 5 (dashed line) and 45^m 
(straight line) thick GaN layers for the different deposition times applied during 
the low temperature nucleation phase (a). The full width half maxima correspond 
to a dislocation density of around 1 x 1 0 8 cm -2 , as is confirmed by the SEM image, 
which shows the etch pit density after eutectic etching in molten KOH/NaOH (b).
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Finally, the overgrown nucleation layers were examined. After cutting, 
pieces of the overgrown samples were etched in a KOH/NaOH eutectic, 
which selectively attacks defects. Dislocation densities were counted and 
all lie between 1 and 2 x1 0 8 cm-2 with the majority of the dislocations be­
ing of mixed or edge type (figure 4.6b). This was confirmed by rocking 
curve XRD measurements, where the full width half maximum of the peaks 
is related to the dislocation density [70, 71], as can be seen in figure 4.6. 
The structural quality of the GaN layer increases with increasing thickness. 
The full width half maxima of both the symmetric (0 0 0 1) and asymmetric 
(10  15) peaks decrease as the layer thickness is increased from 5 to 45 pm 
(figure 4.6a).
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Figure 4.7 Cross-sectional SEM image of the GaN/sapphire interface of the 4 min. 
deposition time sample overgrown with approximately 45pm GaN after defect 
selective etching in molten KOH/NaOH eutectic.
Defect-selective etching reveals an inhomogeneous defect distribution 
in the GaN directly above the sapphire. When examining the cross-section 
of an eutectically etched sample, cut after the growth of the thick GaN layer, 
we find columnar structures originating at the sapphire surface and joining 
one another in a continuous layer, roughly 1 pm above the surface of the 
sapphire substrate (figure 4.7). As the eutectic etches dislocations faster 
than defect-free GaN, the empty spaces between the columns must have 
contained highly defective material prior to the etching, in contrast to the
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columns themselves which consist of high quality GaN.
Figure 4.8 Cross-sectional SEM images of the GaN/sapphire interface of a 45 um 
thick GaN layer after photo-etching to reveal the pinholes.
Clearly, the GaN in the columns differs from the GaN that was etched 
away in the empty spaces. To better understand the structure of the high 
temperature GaN that was etched away between the columns, and of the 
columns themselves, the cross-sections of all samples were subjected to 
photo-etching. Photo-etching is known to reveal both dislocations and elec­
trically active defects, as was demonstrated by Weyher et al. and Lewan- 
dowska eta l. [69, 72]. The etch rate during photo-etching is inversely pro­
portional to the free-carrier concentration [69]. In all samples triangular­
shaped volumes showing numerous small hillocks or pits, which are sep­
arated by V-shaped structures, were revealed along the interface (in fig­
ure 4.8 above the white markers labeled 'sites of the GaN nuclei'). The 
small hillocks or pits, which appear as black spots in figure 4.8, were caused 
by high concentrations of dislocations.
The V-shaped structures themselves consist of two zones: a slowly et­
ched V-shaped zone (a) and a central zone (b) with clear growth stria-
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tions. Following the inversely proportional relationship between the etch 
rate (etch depth) and the free-carrier concentration established by Lewan- 
dowska eta l. [69], zone (a) has a higher free-carrier concentration than the 
surrounding matrix, most probably because of the non-polar growth direc­
tions indicated by the tilted black arrow in figure 4.8. This growth direction 
is different from the middle of the striation, as indicated by the black arrow, 
pointing upward in the (0 0 0 1) direction. As the regions marked (a) were 
hardly etched, these V-shaped regions appear smooth. The areas around 
the sites of the GaN nuclei were also attacked very slowly but large con­
centrations of dislocations gave rise to the numerous pits or hillocks that 
appear as black spots in these regions. The free-carrier concentration in 
the regions labeled (b) was low compared to that of the V-shaped regions 
labeled (a) and the etching resulted in the clear growth striations, which are 
an indication of the high crystal quality of the material in the region (b).
4.4 Discussion
The initial low temperature nucleation layer changes from its nanocrystal­
line structure in figure 4.4 to the islands-dominated morphologies in fig­
ure 4.6a to g during annealing. According to Koleske eta l., this is due to the 
decomposition of GaN, which starts roughly above 800°C (activation energy 
is 2.7 eV), and recrystallization in the presence of NH3 [67]. The morphol­
ogy of the annealed HVPE nucleation layers is different from MOCVD [67], 
but the mechanisms, proposed by Koleske eta l.  for MOCVD, can in all like­
lihood be applied here for HVPE. The growth rate in HVPE is higher than in 
MOCVD, which most likely resulted in an increased deposition of GaN during 
nucleation. Also, the heating ramp in HVPE is significantly slower.
The increase in island size and decrease in island density during anneal­
ing suggest some form of Ostwald-ripening to minimize the surface energy 
(see e.g. Kim eta l.  [73]). Smaller islands are decomposed to be partially 
incorporated into larger ones. The decomposition of GaN above 800°C aids 
this process. The decomposition reaction combined with the diffusion of 
particles enhances further growth of the larger islands through ripening and 
smoothening effects. Additionally, the slower temperature ramp in HVPE 
compared to MOCVD will enhance any of the above mentioned effects.
Increasing the deposition time during nucleation appears to have only
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subtle effects on the nucleation layers after annealing. As we concluded 
from the SEM micrographs (figure 4.5) and XRD data, the morphology and 
orientation of the nuclei for HVPE GaN on sapphire growth do not undergo 
any radical changes as the thickness of the nucleation layer increases. 
When the nucleation layer is thin (see figures 4.5a and b), the edges of 
the nuclei appear ragged. This is due to defect pinning of the expanding 
side faces of the growing nuclei, according to Frank [74]. The effects of 
the step flow enforced by the miscut appear to vanish as the nucleation 
layer thickness is increased (figure 4.5), but Scholz et al. showed that the 
step flow mechanisms contributes to increasing the crystal quality during 
epitaxial growth by smoothening the (0 0 0 1) GaN face [64].
As the nucleation layer is very thin, the residual strain due to the GaN/­
sapphire mismatch is still present and the GaN in this layer is not relaxed. 
The recrystallized nuclei are therefore highly defective. Both the top sur­
faces of the nuclei and the areas between these islands are smoothened 
by surface diffusion effects at these elevated temperatures, similar to the 
mechanisms described by Koleske et al. for MOCVD [67]. As the height of 
the nuclei increases, their facets become more pronounced and the ragged­
ness of the edges caused by defect pinning reduces and is no longer visible 
in figures 4.5c, d, and e.
The morphology of the annealed nucleation layers changes only slightly 
as deposition time during nucleation is increased, as shown in figure 4.5. 
This can be understood by considering the changes in the dimensions of 
the GaN islands as the deposition time is increased (figure 4.5). During an­
nealing, a thin GaN nucleation layer, as in figure 4.5a, tries to minimize its 
surface energy by attempting to achieve complete wetting over the nitri- 
dated sapphire surface. When a sufficient amount of GaN is available for 
an individual island, it wants to attain its equilibrium shape and thus will 
form distinct sidefaces to minimize its total surface energy (figures 4.5b to 
e). The raggedness of the islands' edges, which is due to the expansion of 
the island over the sapphire, reduces with increasing deposition times as 
the islands start minimizing the surface energy of the sidefaces. The av­
erage island size in figures 4.5b to e is slightly smaller than in figure 4.5a. 
The step flow mode continually smoothens the top (0 0 0 1) surfaces of the 
GaN islands, but the direction determined by the miscut becomes harder to 
distinguish when the islands stop overlapping as in figure 4.5a.
Finally, the high temperature deposition of the GaN takes place on the
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uncoalesced annealed nucleation layers. Prior to the overgrowth of the 
thick GaN layers, the GaN nuclei have the appearance as seen in figures 4.2 
and 4.5. Upon growth, these islands expand in order to coalesce into a 
continuous GaN layer, as depicted in figures 4.9 and 4.10. The (0 0 0 1) top 
plane is the fastest growing crystal face of each crystal nucleus. Therefore 
this face is the first face to disappear during continued growth, as indicated 
by the black lines in figure 4.10.
In this way a triangular (0 0 0 1) growth sector bounded by the slower 
growing, inclined side faces is formed on top of each of the coalescing nu­
clei. Etching of the coalesced and overgrown GaN layers in molten eutectic 
and photo-etching of the cross sections revealed these growth sectors to 
contain large numbers of dislocations (figures 4.8 and 4.10). These line 
defects, which tend to propagate in the (0 0 0 1) direction, originate from 
the highly defective nuclei, as almost no additional dislocations are formed 
during high temperature growth. This makes figure 4.6a consistent with 
the results obtained by Lee et al., which demonstrated that the dislocation 
densities in HVPE GaN decrease with increasing layer thicknesses [75].
The above does not apply to growth in the lateral directions. The growth 
sectors associated with the uncoalesced, expanding (most likely { 1 1 0  1}- 
oriented, and marked (a) in figures 4.8 and 4.10) side faces of the nuclei 
appear to possess fewer dislocations than the the sites of the GaN nuclei, 
but these regions possess an equally high free-carrier concentration. The 
latter can be deduced from the small differences in etch rate and depth dur­
ing photo-etching, which are both inversely proportional to the free-carrier 
concentration according to Lewandowska eta l.  [69]. The lower dislocation 
densities follow from the absence of black spots on the smooth surfaces, 
labeled (a), on the etched cross sections in figures 4.8 and 4.10, which cor­
respond to these growth sectors.
In the initial stages of coalescence, the nuclei expand into the regions 
marked (a) in figure 4.8 by growth in the non-polar directions. This resulted 
in a higher free-carrier concentration in region (a) than in the surrounding 
matrix. Weyher e ta l.  and Lewandowska eta l.  have reported this effect of 
the growth direction on the free-carrier concentration for bulk GaN growth 
where the so-called "wings" of a single GaN wafer, which grow in the lateral 
( 1 1 0  0) and ( 1 1 2  0) directions, have different electrical properties than 
the bulk GaN, grown in the normal (0 0 0 1) direction [69, 72].
When the layer has fully covered the sapphire, growth in the regions
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marked (b) takes place exclusively on the GaN sidefaces. The regions 
marked (b) in between the coalescing GaN nuclei are filled as the side­
faces expand by trapping adatoms, which are diffusing over the (0 0 0 1) 
surface via the step flow mechanism. The growth direction in the region 
marked (b) is continuously reorientated towards the (0 0 0 1) direction, as 
this central region region is filled. As a result of this gradual return towards 
the normal growth direction, the free-carrier concentration in this region 
(b), as derived from the greater etch depth, is lower compared to the re­
gion labeled (a) (figures 4.8 and 4.10). The clear striations suggest that the 
quality of the material in region (b) is significantly higher than at the sites 
of the GaN nuclei or in the region labeled (a).
nucleation layer only 5 |jm GaN 45 |jm GaN
Figure 4.9 A schematic representation (a) and SEM images (b) in top down view 
showing the expansion of GaN nuclei on sapphire at various stages of the high 
temperature deposition of the GaN. The position of the pinholes are indicated by 
'P'.
As neighboring nuclei grow, they start to coalesce and their side faces 
will meet and form low angle grain boundaries. These boundaries, in turn, 
come together at a meeting point, indicated by 'P' in figure 4.9. At such a 
point, where three nuclei meet, the side faces of the different nuclei are at 
a steep angle with one another. A sharply curved area is then formed at the 
contact point between the three expanding nuclei, which is indicated by the 
gray inverted pyramid in figure 4.10.
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Figure 4.10 A schematic representation of the initial growth of the thick GaN 
layer starting from the GaN nuclei on sapphire, showing the origin of the pinholes. 
The right side of this figure is superimposed on a detail of figure 4.8; the area 
below the dotted curves is highly defective and represents the material etched 
away in figure 4.7.
At this contact point a pinhole is formed. It is energetically more favor­
able for HVPE GaN to overgrow this cusp, starting from the side faces of 
the different nuclei than to complete the coalescence of the GaN by filling 
it with highly strained and defective material (figures 4.9 and 4.10 ). The 
main reason for this is the mismatch-induced strain in the GaN which can in­
duce slightly different crystallographic orientations in the contacting nuclei 
at the point where the expanding nuclei meet, thus preventing a complete 
coalescence of the GaN layer.
A similar pinhole formation mechanism has also been proposed by Pash- 
ley for Au/(0 0 0 1)MoS2 islands. Pashley's mechanism implied the trapping 
of dislocations during island growth on surface steps if the island displace­
ments did not sum up to zero [76]. This model has been applied to MOCVD 
GaN on sapphire by Cherns et al., who argued that the pinholes might con-
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tain dislocations [58, 59]. Sánchez et al. [57, 77] found that the island 
growth of the AlN buffer layer on steps on the Si (1 1 1) substrate can give 
rise to c-component dislocations along which segregation of impurities in 
the core can lead to the nucleation of pinholes that develop in the next AlN 
buffer layer. This results in inversion domains in the subsequent GaN layer 
[57]. We, however, did not observe any inversion domains in our GaN lay­
ers. Accumulation of reaction products and limited transport of reactants 
into the reentrant corner between nuclei might also play a role in the pin­
hole formation.
After its formation, the pinhole is overgrown. In first instance, this over­
growth is determined by the (most likely { 1 1 0  1}, in accordance with the 
data presented by Chen et al. and Wu et al. [78, 79]) side faces of the 
adjacent grains, resulting in zone (a) in figure 4.10. The strain between 
neighboring nuclei, which in turn depends on the relative misorientation 
between these nuclei, varies. In all likelihood, this misorientation and, con­
sequently, the strain needs to be sufficiently large to result in the formation 
of a pit, which is large enough to still be visible after the overgrowth of 5 
pm of GaN. This threshold for the formation of large pits could explain the 
difference between the island density and the number of pits per unit area 
after overgrowth in figure 4.9b.
As the V-shaped pit above the pinhole is filled, the curvature of each suc­
cessive layer (the black lines above the pinhole in figure 4.10) decreases 
due to the higher growth rates of the adjacent crystal planes with orien­
tations closer to (0 0 0 1). The whole surface of the film will eventually 
become (0 0 0 1)-oriented, as indicated by the straight line at the top of 
figure 4.10. Alternatively, the surface smoothening could be driven by a 
local increase in supersaturation above each pinhole.
The above described overgrowth and defect reduction by the pinholes 
model, is comparable to the Pendeo-epitaxy of GaN. In this method, a thin 
layer of GaN is etched into a striped pattern with lines of GaN showing only 
the (0 0 0 1) and ( 1 1 2  0) orientations, which was demonstrated by a.o. 
Zheleva et al. [80]. Overgrowth of this GaN mask proceeds through the 
growth in both directions, but relaxation only takes place along ( 1 1 2  0), 
which resulted in a reported 4 to 5 order decrease in dislocation density 
[80].
The formation of the columnar structures by the orthodox etch (figure 4.7) 
can now be readily explained by the inhomogeneous defect distribution
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in the high temperature grown GaN layer. During etching material in the 
highly defective, triangular (0 0 0 1) growth sector on top of the nuclei is 
readily attacked, creating cavities. These cavities further expand upon con­
tinued etching leaving only the columnar structures of high quality GaN. 
Each column originates at a single pinhole, which allowed the crystal vol­
ume above it to locally relax and reduce its dislocation density during growth. 
The dashed lines in figure 4.10 roughly indicate the column shape and how 
it expands outward from the pinhole.
4.5 Conclusions
We have studied the evolution of the HVPE GaN nucleation layer on mis- 
oriented sapphire substrates with increasing deposition times during the 
nucleation stage. We found that, apart from the height, the morphology 
of the nuclei remained very similar. KOH/NaOH eutectic etching, photo­
etching, and SEM of thick GaN layers, grown at high temperatures on top 
of the nucleation layers, were applied to examine the coalescence of the 
GaN nuclei into a thick layer after 1 pm. These studies showed a highly 
non-uniform distribution of defects in the first micrometer of this layer. A 
high dislocation density was found in the (0 0 0 1) growth sectors on top of 
the individual nuclei. Lower densities were encountered in the overgrown 
volumes between the nuclei. The origin of the pinholes is explained by the 
overgrowth of the sharp cusp, which is formed at the meeting point between 
three expanding nuclei during the coalescence of the GaN layer. Above the 
pinhole the GaN is relaxed, locally reducing the dislocation density.
Apart from some fundamental insight into the HVPE GaN nucleation, coa­
lesce, and overgrowth processes, we also showed that HVPE growth of GaN 
on sapphire substrates is a robust process, impervious to small variations 
in the low temperature nucleation layer. This robustness combined with 
its high growth rates makes HVPE ideally suited for the large scale produc­
tion of GaN by eliminating the time-consuming need for constant calibration 
and monitoring of the process parameters to ensure a similar quality in the 
grown wafers. Also, by manipulating the density of the HVPE GaN nuclei 
one could possibly control material properties such as dislocation densities 
and free-carrier concentration.
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Chapter
Enhanced growth rates and 
reduced parasitic deposition by 
the substitution of Cl2 for HCl in 
GaN HVPE
The main lim itation in the application of hydride vapor phase epitaxy 
for the large scale production of thick free-standing GaN substrates, is 
the so-called parasitic deposition which limits the growth time and wafer 
thickness by blocking the gallium precursor inlet. By utilizing Cl2 instead 
of the usual HCl gas for the production of the gallium chlorine precur­
sor, we found a rapid increase in growth rate from ~80 to ~400 pm /h  
for an equally large flow of 25 sccm. This allowed us to grow, w ith­
out any additional optimization, 1.2 mm thick high quality GaN wafers, 
which spontaneously lifted of from their HVPE GaN on 0.3o mis-oriented 
sapphire templates. These layers exhibited clear transparencies, indi­
cating a high purity, low dislocation densities, and narrow rocking curve 
XRD FWHMs, suggesting a high structural quality. Additionally, we in­
vestigated the possibility of depositing Cl2-based HVPE GaN directly on 
sapphire.
T. Bohnen, H. Ashraf, G.W.G. van Dreumel, S. Verhagen, J.L. Wey­
her, P.R. Hageman, and E. Vlieg
J. Cryst. Growth, In Press, Accepted Manuscript (2010)
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5.1 Introduction
Good substrates for GaN epitaxy are scarce [9 ]. The best option is to use 
GaN substrates for GaN homoepitaxy. Such pure GaN substrates can cur­
rently be produced by several techniques such as the high pressure method 
[46], ammono-thermal method [12], and HVPE [81]. The growth rates of the 
HVPE method (> 100 pm /h ) are significantly higher than those of the other 
techniques. Unfortunately, the total deposition time for HVPE growth is lim­
ited by the formation of polycrystalline GaN around the GaCl inlet, which 
eventually becomes completely obstructed (figure 5.1). Reduction of this 
'parasitic deposition' is one of the prime issues in HVPE GaN growth and it 
is mostly achieved by reactor geometry optimization [82, 83].
Figure 5.1 Photograph of the parasitic deposition on the GaCl precursor inlet. 
The inlet is completely blocked by polycrystalline GaN. This limits the growth to 
1.2 mm of GaN per run and particles can fall off onto the growing wafer below.
In this work we will present results on freestanding GaN layers grown 
on GaN-on-sapphire templates, grown by the novel method Cl2-based GaN 
HVPE. To the best of our knowledge, no attempts to substitute the HCl gas 
in HVPE for Cl2 have been previously undertaken. We find that Cl2 increases 
the growth rate while the parasitic deposition is reduced, allowing for the
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deposition of ~1.2 mm of high quality GaN in a single 3 hour growth run. 
Additionally, we will demonstrate the nucleation of Cl2-based HVPE GaN 
directly on mis-oriented sapphire substrates, making an all Cl2-based HVPE 
GaN on sapphire process possible.
5.2 Experimental methods
First, templates were prepared by a low temperature nucleation-high tem­
perature HCl-based HVPE process [84] on 2 inch (0 0 0 1) sapphire sub­
strates, mis-oriented at 0.3o towards the a-plane to enforce a step flow 
growth mode, which has been shown to improve the crystal quality [64].
The overgrowth of the templates was performed in a horizontal home- 
built HVPE reactor [85, 86]. The GaN/sapphire templates were heated to 
1065°C under a nitrogen atmosphere. Above 700oC the GaN was stabilized 
by a constant NH3 flow of 500 sccm. At 1065°C, the nitrogen carrier and 
dilute gases were exchanged for pure hydrogen, and a flow of 25 sccm Cl2 
diluted in hydrogen was supplied to the gallium reservoir. The thus formed 
gallium chlorine precursor was then combined with a 1000 sccm flow of 
NH3 at the substrate to deposit the GaN. Deposition times of 2, 3, and 4 
hours were applied to the HVPE templates, but after the 4 hour processes 
the gallium precursor inlet was completely blocked. Upon completion of 
the GaN deposition, the Cl2 flow was stopped, the NH3 flow decreased to 
500 sccm, and nitrogen conditions were restored to stabilize the GaN. The 
pressure throughout the whole process was fixed at 950 mbar.
In addition to the overgrowth of templates, prepared outside the Cl2 - 
based HVPE reactor, the possibility of direct GaN growth on sapphire by 
Cl2-based HVPE was investigated. The low temperature nucleation, high 
temperature overgrowth process is similar to that described by Richter et 
al. [65] and is the same as the one, schematically shown in figure 4.3 in 
the previous chapter. The nitridation of the sapphire substrates prior to 
nucleation took place at 1000°C under a constant NH3 flow of 500 sccm. 
The Cl2 flow during the 615°C nucleation step was varied between 17, 19, 
22, and 25 sccm to find the optimum conditions. Subsequently, the samples 
were annealed under a constant NH3 flow and cooled to room temperature. 
The wafers with the annealed nucleation layers were then cleaved.
Quarter wafers with annealed nucleation layers, grown with different
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deposition times during the nucleation step, were placed together in the 
Cl2-based HVPE reactor and overgrown in 10 minutes with approx. 30 pm 
of GaN, utilizing a 13 sccm Cl2 flow, to study the layer after coalescence. 
Ashraf et al. suggested that a lower growth rate during the initial stages 
of the overgrowth is beneficial to the crystal quality [84]. The same exper­
iment was repeated on a second set of quarter wafers produced with dif­
ferent deposition times, but this time the annealed nucleation layers were 
overgrown for 2 hours using 25 sccm of Cl2 to deposit a 0.7 mm thick layer 
after the above mentioned 10 minutes of overgrowth with a reduced Cl2 
flow of 13 sccm.
The GaN layers were characterized by optical microscopy, surface and 
cross-sectional scanning electron microscopy (SEM), interferometry, 9/29 
XRD, capacitive voltage probing (CVP), and rocking curve XRD measure­
ments. The different crystal facets were determined by classical goniome- 
try. Defect selective etching was performed in a molten eutectic of KOH/Na- 
OH above 400°C for an appropriate time to reveal all dislocations [68]. Pho­
toetching was performed in a stirred aqueous KOH solution utilizing the UV 
light from a Xe lamp [69]. The etch rate, and consequently the etch depth, 
in photo-etching is inversely proportional to the local level of free carrier 
concentration, as was established by Lewandowska eta l. [69]. The thermo­
dynamic equilibrium calculations were performed using Ekvi systems 3.01 
[87]. Photoluminescence (PL) measurements were taken at 4.6K using an 
excitation wavelength of 325 nm.
5.3 Results
5.3.1 Overgrowth of HCl-based HVPE templates 
Growth rate
Growth experiments using similar conditions, but using HCl instead of Cl2 , 
yielded growth rates of only ~80 pm /h with an equally large HCl flow of 
25 sccm. In these experiments, parasitic deposition limited the GaN de­
position to 300 pm per run. However, utilizing 25 sccm Cl2 to create the 
gallium precursor resulted in growth rates of ~400 pm /h  and thicknesses of 
1.2 mm could be reached in a single process. Since the HCl and Cl2 flows, 
like all the other gas flows, were equal in both processes, we can rule out
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significant changes in the gas flow patterns in our reactor as the cause for 
the increase in growth rate when exchanging HCl for Cl2. This increase must 
therefore be related to the chemistry of the Cl2-based HVPE process. This 
will be discussed at the end of this paper.
Figure 5.2 Photographs of the freestanding 1.2 mm thick HVPE GaN layer grown 
grown on a HVPE GaN template (a). The pits, such as the one revealed by DICM 
at 5x magnification in (c), are most likely due to small particles of polycrystalline 
GaN falling off the parasitic deposition around the gallium chlorine inlet. These 
particles were then embedded in the surface of the HVPE template. These pits are 
not present in the 0.8 mm freestanding GaN layer grown on pieces of smooth GaN 
template (b). A 5x DICM image of one such pit in the thick layer with a diameter 
around 1 mm is shown in (d).
64 Chapter 5: Cl2-based HVPE
Morphology
Figures 5.2a and b show free-standing GaN layers, grown on HVPE tem­
plates by Cl2-based HVPE. Both GaN layers did spontaneously lift off from 
the templates. Comparing figure 5.2a and b, we see that in both cases the 
chlorine-based HVPE layer is completely transparent, indicating a very high 
quality and purity of the GaN material. The small pits, seen in the GaN 
layer in figures 5.2a and d originate, in all likelihood, from small particles 
of the parasitic deposition falling down of the inlet and being embedded in 
the surface of the HVPE template (figure 5.2c). The GaN in the parasitic 
deposition is polycrystalline, highly defective, and posses a dark gray color 
(figure 5.1). On the template surface, the particles act similar to impurities, 
locally disrupting the step flow on the (0 0 0 1) surface. Such a site and 
the hillock that formed around it can be seen in figure 5.2c. A piece of a 
different HVPE template, which appeared almost free of such hillocks, was 
overgrown in a different experiment and this 0.8 mm Cl2-HVPE overgrown 
layer, depicted in figure 5.2b, does not contain any pits. Therefore, the pits 
must have originated from the impurities on the surface of the template 
and are not due to the use of Cl2.
As shown in figure 5.3a, the GaN surface appears smooth, but micro­
scopic examinations reveal numerous macrosteps along the surface (fig­
ure 5.3b). The step heights vary but all lie below 100 nm. The macrosteps 
are the results of step bunching, which in turn could be due to strain re­
laxation, dislocations, or impurities. No hexagonal hillocks, indicating spi­
ral growth, can be found on the surface with the exception of the wafer's 
edges, suggesting these are suppressed by the mis-orientation of the sap­
phire substrates [64].
After the spontaneous liftoff of the 1.2 mm thick Cl2-based HVPE GaN 
layer, the surface of the substrate was examined. DICM studies, combined 
with photoluminescence studies (figure 5.6), revealed the substrate surface 
to consist of GaN and not sapphire. The HVPE GaN material self-separated, 
leaving behind a rough surface, as can be seen in figure 5.3c. Despite the 
roughness of the surface, preferential step directions can be distinguished 
in figure 5.3c. Though the scale is different in figures 5.3c and d (due to 
high roughness of the steps in figure 5.3d), the morphology of the remain­
ing GaN-on-sapphire in figure 5.3d is not unlike the macrostep-dominated 
landscape of typical HVPE GaN in figure 5.3b.
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Figure 5.3 DICM and interferometry images of the morphology of the Cl2-based 
HVPE GaN layer (a and b) and the sapphire substrate after liftoff (c and d).
Due to the high growth rate, distinct facets have become visible on the 
sidefaces of the HVPE GaN, as seen in figure 5.2b. Using goniometry we 
found the larger sidefaces on the wafer's edges to be { 1 1 2  2} ,  { 1 1 0  2} ,  
and { 1 0  1 1 }  facets, as indicated in figure 5.4a. These are the same 
facets as found by Tourret et al. using SAG-HVPE [88]. The top surface is 
(0 0 0 1)-oriented and its morphology appears smooth, though DICM and 
interferometry reveal large macrosteps, up to 100 nm in height, running 
along the surface (figure 5.3). Hillocks, as seen in figure 5.4a-c, only appear 
near the edge of the wafer, where the enforced step flow mode is disrupted 
by the wafer edge.
At higher magnifications, SEM images of the { 1 1 2  2}  and { 1 1 0  2}  
sidefaces show these faces actually consist of several smaller facets, as 
shown in figures 5.4a, d and, e. Further away from the intersection with the 
( 1 0  1 1 )  facet, the { 1 1 2  2}  facets split into to different crystal planes,
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Figure 5.4 SEM images of the different facets of the thick GaN layer: an overview 
showing all the facets in (a), the hillocks on the edge of the (0 0 0 1) in higher 
magnifications (b) and (c), the morphology of the { 1 1 2  2}  facet (d), and a higher 
magnification of the coffin-shaped structures in figure5.4d (e).
which repeat and create a wavy pattern as seen in figure 5.4d. On the top 
of each such 'wave', a coffin-shaped structure is formed. The morphology 
of the different facets of the 'coffin' appears smooth (figure 5.4e).
Structural properties
Rocking curve XRD measurement revealed a good structural quality: FWHMs 
of 54" and 166" for the (0 0 0 2) and (1 0  1 5) peaks were recorded. The 
width of the (0 0 0 2) peak varies from 54" at the center of the wafer to 130" 
near the edges. Additionally, due to bowing of the wafer as a result of the 
strain induced in the template by the GaN/sapphire mismatch, the peak po­
sition shifts from 16.5 to 17.5° when crossing the wafer perpendicular to the 
flat. The narrow FWHMs are in correspondence with the dislocation density 
(DD) as determined by defect-selective etching in molten KOH/NaOH eutec- 
tic above 400°C: for all the overgrown HVPE templates the DDs lie in the 
order of 106 cm-2 . The majority of the defects are of edge and mixed type. 
The number of screw dislocations is reduced by the substrate miscut [64], 
resulting in the high structural quality of the GaN.
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Electrical properties
Figure 5.5 SEM image of a cleaved cross section after photoetching, revealing 
sudden changes in the carrier concentration, as indicated by the arrows 1-3.
The freestanding GaN layers were subjected to photo-etching, where the 
etch-rate is inversely proportional to the free carrier concentration [69]. A 
photo-etched cross section is shown in figure 5.5. The vertical features orig­
inated from steps on the cleavage plane which was not atomically smooth, 
while the horizontal lines indicate a sharp transition in the carrier concentra­
tion, as indicated by the black arrows 1, 2, and 3. The horizontal transition 
lines are not straight as one would expect for epitaxial growth, but irregular 
as a result of local variations in the growth rate. The changes in the free car­
rier concentration were confirmed using capacitive voltage probing (CVP), 
which recorded an average free carrier concentration in the Cl2-based HVPE
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GaN layers of 3 x 1 0 17 cm-2 . Several dips of roughly an order of magnitude 
in the free carrier concentration were observed.
Photo-etching revealed similar but perfectly horizontal transition lines in 
our HVPE templates, which were grown by HCl-based HVPE at a much lower 
growth rate. Thus, the inhomogeneity of the carrier concentration appears 
to be intrinsic to our HVPE process and not to the use Cl2, implying that 
Cl2-based HVPE produces GaN with similar properties as classic HCl-based 
HVPE, but at 5x higher growth rates.
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Figure 5.6 Normalized 4K photoluminescence spectra of the 1.2 mm thick free­
standing Cl2-based HVPE GaN layer, a not yet overgrown HCl-based HVPE GaN- 
on-sapphire template, and the substrate with its remaining layer after liftoff of 
the thick Cl2-based HVPE layer.
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Optical properties
Figure 5.6 shows photoluminescence spectra of the thick Cl2-based HVPE 
layer. The width of the DBE peak is 25 meV and the peak was centered 
around 3.44 eV. The DBE peak position has shifted from 3.43 eV for the 
HCl-based HVPE template to 3.44 eV for the free-standing Cl2-based HVPE 
GaN layer. This UV-shifting of the DBE peak indicates a compression in 
the GaN a lattice constants, suggesting the strain in the freestanding Cl2 
layer is higher than in the template. Despite the fact that the Cl2-based 
HVPE GaN is more strained, the optical quality of the Cl2-based HVPE GaN 
is slightly better. The FWHM of the template GaN was 29 meV compared 
to 25 meV for the Cl2-based HVPE GaN layer. A broad yellow luminescence 
band between 2 and 2.6 eV suggest the presence of a.o. oxygen and carbon 
impurities, according to Reshchikov et al. [89]. However, compared to the 
original HVPE GaN layer on the GaN-on-sapphire template, grown by HCl- 
based HVPE, this yellow luminescence is reduced. Since the peak widths 
and yellow luminescence of the template and the thick Cl2-based GaN layer 
in figure 5.6 are similar, it appears as though the optical quality of the 
overgrown layer was defined by the template.
Additionally, photoluminescence studies were performed on the sub­
strate after liftoff of the 1.2 mm thick Cl2-based HVPE GaN layer. It imme­
diately becomes clear that the freestanding GaN layer did not lift off from 
the sapphire but from GaN. A significant increase in yellow luminescence 
compared to the DBE peak height is observed. The DBE peak is centered 
around 3.43 eV, which is consistent with the HVPE template spectrum. The 
optical quality of the remaining GaN on sapphire is reduced to a peak width 
of 28 meV.
5.3.2 Nucleation and overgrowth of Cl2-based HVPE on 
sapphire substrates
Cl2-based HVPE nucleation layers
To investigate the possibility of direct nucleation and overgrowth on mis- 
oriented sapphire substrates by Cl2-based HVPE, several samples were pre­
pared according to the process shown in figure 4.3. The GaN layers were ex­
amined after different phases of the nucleation-overgrowth process, start-
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Figure 5.7 SEM images showing the morphologies of the nucleation layers after 
annealing up to 1065°C. Different Cl2 flow rates of 17 (a), 19 (b), 22 (c), and 
25 (d) sccm were applied during the 3 minutes, low temperature (615°C) GaN 
deposition step.
ing with the influence of the annealing phase after the 615°C nucleation 
step. Figures 5.7a-d show the change in morphology of the annealed nucle­
ation layers as the Ga supersaturation is increased by varying the Cl2 flow 
between 17, 19, 22, and 25 sccm. For 17 sccm of Cl2 the surface shows 
several pits and numerous large steps (figure 5.7a). The layer has not fully 
coalesced and several large pits are found in between the smoother regions 
of the surface.
Increasing the Cl2 flow to 19 sccm during nucleation leads to more dis­
tinct island formation in the annealed nucleation layer in figure 5.7b. The 
islands' edges are roughened by protrusions sticking outwards in random
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directions. Small fjord-like cracks draw inward from the edges of the is­
land. No trace of the hexagonal symmetry of both the GaN {0 0 0 1} or the 
Al2O3 {0  0 0 1} crystal planes can be found here. In contrast to figure 5.7c, 
where certain edges of certain islands and pits form distinct hexagons or 
part thereof. The height of these islands is larger than those in figure 5.7b, 
which is to be expected as the Cl2 flow was increased to 22 sccm. Islands in 
figure 5.7c with decreased height possesses no hexagonal symmetry and 
their shape is similar to the islands in figure 5.7b, as can be seen e.g. on the 
left side of figure 5.7c. The slight increase of the Cl2 flow to 22 sccm also 
increases the number of smaller GaN nuclei of about 100 nm in diameter 
on the surface.
Increasing the low temperature phase's Cl2 flow further to 25 sccm yields 
the morphology shown in figure 5.7d. As in figure 5.7a, coalescence is in­
complete but no individual islands as in figures 5.7b and c, can be distin­
guished either. Figure 5.7d bears a definitive resemblance to figure 5.7a 
but the steps on the surface are higher and slightly straighter than in fig­
ure 5.7a. A hint of the hexagonal (0 0 0 1) symmetry is present in the 
direction of the steps.
Cl2 flow (sccm)
Figure 5.8 Photograph of the annealed nucleation layers after 10 minutes of 
overgrowth (a) and a graph of the FWHMs of the symmetric (0 0 0 2) and asym­
metric (1 0  1 5) peaks of these layers versus the Cl2 flow applied during the low 
temperature deposition (b). Lines are a guide to the eye.
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Thin film overgrowth of the nucleation layers
Quarter wafers of the annealed nucleation layers were overgrown for 10 
minutes, resulting the GaN layers in figure 5.8a. The layer thicknesses, as 
determined by weight change, were ~30 pm. For the lowest Cl2 flow of 
17 sccm applied during the low temperature nucleation step, the morphol­
ogy is roughened by pits, steps, and hillocks with the exception of the edges 
(figure 5.8a). When increasing the Cl2 flow during nucleation to 19 sccm, 
the film's roughness decreases drastically and the whole surface of the 
overgrown GaN layer is smooth and transparent. Small hillocks can be dis­
tinguished by eye. The morphology is the same for the overgrown sample, 
grown with 22 sccm of Cl2 during nucleation. When increasing the Cl2 flow 
during nucleation further to 25 sccm, the layer becomes rough again with 
the exception of the edges, similar to the sample prepared with a Cl2 flow 
of 17 sccm during nucleation (figure 5.8a). Both the 17 and the 25 sccm 
Cl2 samples in figure 5.8a show a distinct transitional region between the 
rough and smooth regions.
The peak widths (FWHMs) of the HRXRD rocking curve measurements 
were used as a measure of the structural quality of the GaN layers. These 
are shown in figure 5.8b. Though the lines are a guide to the eye, a trend 
is clearly visible. The rough layers in figure 5.8a, which were nucleated 
with the lowest (17) and highest (25) Cl2 flows, yield the largest FWHMs for 
both the symmetric (0 0 0 2) and (1 0  15 ) peaks. The structural quality of 
the smooth layers is better, as can be deduced from the smaller FWHMs in 
figure 5.8b for the samples prepared with 19 and 22 sccm Cl2 flows during 
nucleation.
The change between the smooth morphology near the edges and the 
rougher centers of the overgrown layer with nucleation Cl2 flows of 17 and 
25, as one crosses the transitional region, is gradual as can be seen in 
figure 5.9. The most distinct feature of this region are the numerous pits 
in the surface of the otherwise smooth GaN, as shown in figure 5.9a and 
b. For the smooth surfaces near the wafer edge, the pit density is low and 
increases gradually as one moves towards the center of the wafer. When 
the pit density becomes sufficiently high, the pits start to overlap, as can 
be seen in figures 5.9b and c. The pits tend to form along specific lines.
At even larger pit densities, such as in figure 5.9d, elevated plateaus 
appear in the few areas where no pits are present. When moving closer to
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Figure 5.9 SEM images showing the transition from the smooth edges of the GaN 
layer to the rough center.
the center of the wafer, these plateaus become more numerous and start 
overlapping (figures 5.9e to f), which results in a strong roughening of the 
sample surface. Even closer to the wafer's center, the surface becomes 
covered in small hillocks, as shown in figure 5.9g. Each of these hillocks, in 
turn, is covered with several small pits.
Similar pits as those in figure 5.9 were also found by DICM on the sur­
face of the overgrown 22 sccm Cl2 sample (figure 5.10a). Again the pits 
tend to align themselves along certain lines, especially on the left hand 
side of figure 5.10a. This line-forming effect is enhanced when the micro­
scope is turned slightly out-of-focus, as shown in figure 5.10b. On the right 
side of figure 5.10a, the pits appear to be distributed more randomly than 
on the left hand side. When examining the out-of-focus right hand side 
in figure 5.10b, the underlying morphologies of these two regions appear 
different. The left hand side is more reminiscent of multiple small islands, 
while the region on the right hand side resembles a large terrace, such as 
e.g. one side a of a large hillock or island.
Thick film overgrowth of the nucleation layers
Again, quarter wafers of the annealed nucleation layers produced with dif­
ferent Cl2 flows were placed together in the reactor and overgrown simulta-
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Figure 5.10 In (a) and out of focus (b) DICM images of the overgrown nucleation 
layer, prepared with a Cl2 flow of 22 sccm. (a) shows the presence of small pits 
on the otherwise smooth surface, while (b) reveals that these pits preferentially 
fix themselves to specific island-shaped morphological features.
neously for two hours. The resulting HVPE layer thicknesses were ~0.7 mm. 
The morphologies resembled figure 5.8a: the nucleation layers grown with 
19 and 22 sccm of Cl2 yielded transparent Gan films with smooth surfaces. 
The application of 17 and 25 sccm of Cl2 during nucleation yielded largely 
polycrystalline GaN material, consisting of large pyramidal GaN crystals, 
with sizes in the mm range. The edges, similar as in figure 5.8a, yielded 
smooth thick GaN.
Utilizing a 19 sccm Cl2 the entire nucleation-overgrowth process was re­
peated on full 2 inch mis-oriented sapphire substrates in a single growth 
run. When the thickness exceeds ~0.7 mm, the GaN lifts off from the sub­
strate. Again, a film on GaN remains on the sapphire after liftoff. As the 
nucleation and overgrowth process parameters were not fully optimized, as 
in the case with the HCl-based HVPE template, cracking occurred prior to 
liftoff but no cracks protrude through the top GaN surface.
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5.4 Discussion
5.4.1 On the increased growth rate
Overall, it appears that Cl2-based HVPE yields high quality GaN wafers sim­
ilar to normal HCl-based HVPE but at increased growth rates. This was 
verified by using a different flow controller for the Cl2. To determine the 
difference we applied thermodynamic equilibrium calculations using Ekvi 
systems: Given the conditions that are present at the gallium source, the 
H2-Cl2 mixture would react with gallium to form predominantly the same 
GaCl precursor as is typically formed during HCl-based HVPE [53, 54, 90]. 
As the molecular densities are equal for HCl and Cl2, this implies that the 
number of Cl atoms in the Cl2 flow is only doubled with respect to an equally 
large HCl flow. This doubling of the Cl concentration could contribute to the 
increase in growth rate with a factor of at best 2. From past experiences, 
we learned that for HCl-based HVPE the growth Gr increases linearly with 
the GaCl flow f HCi (in sccm) as approximately Gr = 4.6 x (fHCl -  7.5) um/h. 
We found similarly high growth rates when the Cl2 flow was diluted with N2 
instead of H2, ruling out HCl formation by a reaction between Cl2 and H2.
As stated above, the atomic density of Cl atoms is only doubled when 
exchanging HCl for Cl2, while the growth rates differ roughly a factor of 5. 
For a further explanation for the increased growth rate, we compare the 
gallium chlorine reaction mechanism of the HCl-based HVPE GaN
2HCl(g) +  2Ga(l) ^  2HCl* +  2Ga(l) ^
2H* +  2Cl* +  2Ga(l) ^  2GaCl(g) +  2H2(g), (5.1)
where * indicates a species adsorbed to the gallium surface, to that of 
C12 -based HVPE
Cl2(g) +  2Ga(l) ^  Cl* +  2Ga(l)
2Cl* +  2Ga(l) ^  2GaCl(g), (5.2)
we find that the change in standard enthalpy AH0 for the Cl2 reaction 5.2 
is slightly more negative by 4.05 kJ/mol than the classic HCl-based reac­
tion 5.1. This small difference alone is not sufficient to explain the differ­
ence in growth rates, but a closer examination of the bond energies (see
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Table 5.1 Bond energies of all bonds involved in reactions 5.1 and 5.2 [91].
Bond GaCl HH HCl GaH CICl GaGa
Bond
energy
(kJ/mol)
463 436 431 276 243 <106
table 5.1) involved in reactions 5.1 and 5.2 reveals that the Cl—Cl bond is 
weakly bound compared to the HCl. A more rapid decomposition of the Cl2 
with respect to that of HCl would contribute to the increase in growth rate.
Additionally, the increase in growth rate could be determined by the ki­
netics of the reactions. In reaction 5.1, we see that the formation of H2(g) 
is involved and for every GaCl molecule produced a H* has to be removed 
from the gallium surface by combining it with another hydrogen atom to 
form H2. Either two H*s on the gallium surface combine through surface 
diffusion or a H* reacts with a HCl from the pas phase, forming an H2 
molecule and leaving behind a surface adsorbed Cl * . As the Cl2 process 
does not involve this additional hydrogen absorption and desorption step, 
GaCl formation will in all likelihood proceed more rapid when Cl2 is sup­
plied to the source. Usually, the efficiency of the GaCl formation reaction 
is around 80% [48, 92], which allows for a 20% gain in efficiency. The two 
above mentioned effects, combined with the doubling of the atomic Cl con­
centration, leads to an increase of a factor of maximum 2.4.
2Cl* +  H2(g) — 2HCl* — 2HCl(g) (5.3)
Cl* +  GaCl(g) —* GaCl* —* Ga* +  Cl2 (g) (5.4)
Finally, an increase in the GaCl flow over the GaN surface would not only 
raise the Ga supersaturation above the GaN, but also increase Cl desorp­
tion from the GaN surface, according to the model proposed by Cadoret 
[53]. This model is schematically represented in equations 5.3 and 5.4, 
where the asterisk * now indicates a species adsorbed on the growing GaN 
surface. A GaCl precursor molecule reacts with a surface adsorbed N* on 
the GaN crystal to form GaN. This reaction leaves a Cl* adsorbed on the
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GaN surface, which prevents the incorporation of more Ga and N into the 
GaN crystal. Desorption of this Cl* proceeds through a H2(g) (equation 5.3) 
and a GaCl(g) mechanism (equation 5.4). In the case of both HCl-based and 
Cl2-based HVPE, the carrier gas through the reactor was hydrogen. The con­
centration of H2(g) was identical for HCl-based and Cl2-based HVPE. Thus, 
this desorption mechanism proceeded at an equal rate for both cases.
However, the maximum 2.4 x increase of the GaCl concentration above 
the growing GaN crystal allows for a more rapid desorption of the Cl on 
the GaN (equation 5.4). This effect would then have to speed up the incor­
poration of Ga and N into the crystal by a factor of 2.1 to explain the 5x 
increase in growth rate. A deeper investigation into the reaction energies 
and kinetics of Cl2-based HVPE is required to verify this explanation.
5.4.2 On the spontaneous liftoff
According to Napierala et al. [93], the critical thickness of cracking of the 
GaN layer is determined by stress in the initial GaN-on-substrate layer, 
which in turn can be controlled by the density and size of the islands in the 
MOCVD nucleation layer [94]. In this manner critical thicknesses could be 
varied between a few and 200 um. The island density in HVPE nucleation 
layers is typically much less than in MOCVD [66, 67]. This means the critical 
thickness in our HVPE templates is probably much larger than in the case of 
e.g. MOCVD templates. It would therefore be possible for the GaN's critical 
thickness to be sufficiently large to cause cracking of the sapphire instead.
But, as can be seen in figure 5.6, it is not only the sapphire that is re­
moved during the liftoff. A thin layer of GaN remains on the substrate. The 
self-separation process appears to be due to some degradation of the GaN- 
on-sapphire layer, as seen in figure 5.6. This degradation is likely the result 
of subsurface damage brought about by the increasing strain induced by 
the mismatch. During overgrowth the damaged GaN deteriorates further 
until a sufficiently thick layer is grown on top to result in self-separation. 
This, most likely, occurs during the cooling of the Cl2-based HVPE over­
grown sample to room temperature. According to the PL data (figure 5.6), 
the freestanding GaN layer is more strained than the HVPE GaN-on-sapphire 
template before and after overgrowth, implying the GaN was not released 
during overgrowth. The surfaces of the free-standing Cl2-based HVPE GaN 
films are flat and this near-zero curvature of the wafer suggests some strain
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relief mechanism occurred during growth. Most likely cracks appeared in 
the GaN, which were healed.
As the HVPE GaN thickens, the morphology remains similar, but the elec­
trical properties fluctuate as the thickness increase, as was shown by mea­
suring the carrier concentration in figure 5.5. When the strain becomes 
sufficiently large, the thick GaN surface layer induces damage on the GaN 
close to the GaN-sapphire interface. Most likely the transitional regions, 
which were revealed by photetching in figure 5.5b, can be considered weak 
points as compared to the bulk of the material. During liftoff the surface 
GaN layer would preferentially separate along specific planes, which are 
defined by these "weak points". But these planes would follow the mor­
phology of the HVPE GaN, similar to the transition lines in figure 5.5. This 
would explain the resemblance between the surface after liftoff (figure 5.3b) 
and the as-grown HVPE GaN surface (figure 5.3d).
The morphology in figures 5.3b en d is dominated by macrosteps. These 
are the result of impurities adsorbed on the GaN surface. The sudden 
changes in the carrier concentration in figure 5.5 could be the result of 
a sudden change in growth mode. Though without any proof, we suggest 
that the sudden change in growth mode might be due to a surface ad­
sorbed impurities related mechanism. Normally these impurities cause a 
growth mode which leads to macrosteps. Possibly, when the surface con­
centration of surface impurities becomes too large, this particular growth 
mode is disrupted. The growth mode will then quickly change, for exam­
ple to 3D growth, and the impurities are swiftly removed from the surface. 
The latter is most likely done by incorporating the impurities into the GaN 
crystal. Lewandowska et al. already suggested that the increased incor­
poration of impurities on the non-Ga faces of GaN led to different carrier 
concentrations in parts of the GaN crystal, grown in different directions as 
the common (0 0 0 1) growth direction [69]. After this the growth mode 
reverts back to normal, producing more macrosteps as impurities are con­
tinually adsorbed. In this way a very thin line of GaN is created with dras­
tically different electrical properties, due to the increased concentration of 
impurities.
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5.4.3 On the nucleation and coalescence of Cl2-based 
HVPE GaN on misoriented sapphire substrates
The evolution of the nucleation layer with increasing supersaturation during 
the low temperature deposition step is shown in figure 5.7. According to 
Koleske et al. [67], the morphology of the low temperature material is 
different after the annealing step. For HCl-based HVPE we have observed 
a similar change: the low temperature GaN layer is nanocrystalline prior to 
annealing while flat micrometer-sized islands are observed after the high 
temperature anneal (see chapter 4). The morphology after the anneal will 
determine the properties of the eventual GaN film, as becomes clear when 
comparing figure 5.7 to figure 5.8a.
The nucleation layer in figure 5.7a attempts to minimize its surface free 
energy by spreading out over the sapphire surface. The coalescence, how­
ever, is incomplete, probably because insufficient GaN material is available, 
and pits can be found on the sample surface. A few seperate GaN nuclei 
can be distinguished on the surface. All in all, the morphology in figure 5.8a 
is dominated by steps on and pits in the layer. This particular morphology is 
different near the edges of this sample, where it resembles the nucleation 
layer, grown with 19 sccm of Cl2 in figure 5.7b. The nucleation layer in 
figure 5.7b shows a distinct island structure. The slight increase in Cl2 flow 
during nucleation from figure 5.7a to b has added enough GaN material to 
the nucleation layer to allow for the formation of islands instead of spread­
ing out over the sapphire surface. The islands' edges in figure 5.7b spread 
out randomly in all lateral directions. While the sidefaces expand, they get 
locally pinned by defects [74]. The pinned spots expand slower than the 
rest of the step, resulting in the dark lines trailing from the islands' edges 
to the location of the defect, as schematically shown in figure 5.11 [95]. 
Alternatively, these fjord-like lines might be the result of grain boundaries, 
which were not overgrown or etched during the annealing phase.
Increasing the Cl2 during nucleation further to 22 sccm, increases the 
height of the GaN islands. A portion of the islands now incorporates enough 
GaN to form distinct sidefaces (figure 5.7c), most likely { 1 1 2  2}  to be 
consistent with figure 5.4a and the sidefaces found by Tourret et al. by se­
lective area growth HVPE [88]. At the outer edges of the larger islands in 
figure 5.7c, the coalescence of the nucleation layer can be observed. As 
the main island expands, its height, starting with the center, increases. At
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Figure 5.11 Schematic explaining defect pinning of steps by a single isolated 
defect (a) and two neighboring defects (b).
its edges, it incorporates neighboring GaN islands, whose edges are more 
rounded and ragged due to their reduced island height. Towards the center 
of the island the height increases and distinct GaN sidefaces are formed at 
the edges by the diffusion of adatoms over the surface. The top (0 0 0 1) 
face of the main island is continually smoothened by the step flow mecha­
nism, enforced by the mis-cut [64].
As the islands coalescence, pits are formed, as can be seen on the sur­
faces of the larger islands in figure 5.7c and schematically in figure 5.12. 
These pits are different from those on top of the overgrown HCl-based HVPE 
templates and are the result of impurities embedded in the template, as dis-
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mis-oriented indi- coalescence strain in ‘P ’ due to pit ‘P ’ overgrown coalesced GaN  
vidual GaN nuclei through island ex- mis-orientation too from sidefaces film
pansion large for over­
growth
Figure 5.12 Schematic of the coalescence of individual islands, mis-oriented 
with respect to one another due to the large mismatch, in the nucleation layer 
(a). During coalescence (b), pits are formed in between expanding nuclei due 
to the large strain in 'P' (c). During overgrowth the pits are overgrown from the 
sidefaces (d) until a smooth GaN surface is formed (e).
cussed above in the morphology section. During the expansion of the large 
islands (figure 5.12b), certain points along the edges are not overgrown, but 
the islands' growth proceeds around these points, resulting in the formation 
of large hexagonal pits (figure 5.12c). It appears that is energetically more 
favorable for the GaN to overgrow these pits from the sidefaces, suggest­
ing a high degree of strain or relative mis-orientation in the GaN around the 
center of the pit. This strain might be the result of the large mismatch be­
tween GaN and sapphire, which induces a relative mis-orientation between 
the separate GaN nuclei.
When the nucleation layer is thickened by a further increase of the Cl2 
flow during nucleation to 25 sccm, the island structure disappears and the 
morphology in figure 5.7d resembles figure 5.7a. The amount of GaN in 
the 615°C nucleation layer was too large to be diffused over the surface 
and redistributed into individual islands. Instead these islands have grown 
together, but coalescence was only partially achieved and numerous pits 
and step edges remain on the surface. Unlike figure 5.7a, this layer is 
sufficiently thick to express the hexagonal symmetry of the (0 0 0 1) GaN 
plane.
Overgrowth of the GaN nucleation layers in figures 5.7b and c yields 
smooth GaN films while the films in figures 5.7a and d are pitted, as shown 
in figure 5.8a. When crossing from the smooth regions near the wafer's 
edge of the latter samples towards the heavily pitted center, we observe 
a strong relation between the quality of the overgrown GaN layer and the
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Table 5.2 Calculated dislocation densities, based on the HRXRD FWHM in fig­
ure 5.8b [96].
Cl2 flow FWHM FWHM Screw Edge
(0002) (1015) DD DD
(sccm) (") (") x1 0 8 (cm-2 ) x 1 0 8 (cm-2 )
17 62922 579 7.9x104 22.7
19 161 80 0.5 0.4
22 178 100 0.6 0.7
25 288 234 1.6 3.8
number of pits in the surface. The smoother outer parts of the film posses 
few pits, while the high pit density regions in sample's center becomes 
polycrystalline upon continued overgrowth.
The pits originate during the coalescence of the nucleation layer, as indi­
cated in figures 5.7c and 5.12. With sufficient spacing between the islands 
and, in consequence between the pits, the GaN can relax and overgrow the 
pits from the sidefaces, thus eliminating them. This coalescence mecha­
nism explains the resemblance between the out-of-focus image of the pits in 
figure 5.10b and the island structure of the nucleation layers in figures 5.7b 
and d.
Multiple neighboring pits will eventually form one larger pit, as can be 
seen in figures 5.9b and c. Figures 5.9d to h shows the manner in which 
the overgrown layer deteriorates, as the morphology of the underlying nu­
cleation layer becomes more like figures 5.7a and d. The size of the pits in 
figures 5.9a and b is related to the strain on the GaN in their centers (point 
'P' in figure 5.12c) and, in all likelihood, a large number of pits have already 
been filled after 30 pm  overgrowth. Smaller and larger pits can be seen in 
figure 5.9b. This mechanism is similar to that described in chapter 4 for the 
nucleation and overgrowth of HCl-based GaN HVPE.
The full width half maxima (FWHM) of the HRXRD measurements in fig­
ure 5.8b show that the quality of the smooth GaN films in figure 5.8a is 
higher than the rougher samples, grown with 17 and 25 scmm of Cl2 . Us­
ing the relation between the dislocation density (DD) and peak width of the 
HRXRD, given by Chierchia et al. [96], the FWHMs can be related to the 
DD for screw and edge dislocations, as shown in table 5.2. For an insuf­
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ficiently thick nucleation layer, grown with 17 sccm of Cl2, the screw DD 
after 30 pm  overgrowth is very high (7 .9x1012 cm-2 ), compared to the 5 
and 6 x 1 0 7 cm-2 screw DDs of the smooth films, produced with nucleation 
Cl2 flows of 19 and 22 sccm. The DDs of the latter two films lie in in the 
order of 107 cm-2 . Once the nucleation layer is sufficiently thick to form 
a continuous GaN film during overgrowth the DDs only increases when the 
Cl2 flow during nucleation is increased. We have observed a similar trend 
in HCl-based HVPE nucleation. The difficulties in incorporating the rising 
number of smaller separate GaN nuclei, as seen in figures 5.7b and c, could 
present a possible explanation.
Continued overgrowth proceeds as one would expect. The suitable nu­
cleation layers in figure 5.7b and c remain smooth and transparent after 
the deposition of 0.7 mm of GaN. Large macrosteps now dominate the sur­
face morphology instead of pits. Cracking has occurred in the sapphire 
and though a continuous GaN film now covers the surface, HRXRD peaks 
still show multiple peaks, related to the underlying cracked GaN, making 
a structural investigation difficult. While the overgrown quarter wafers did 
not spontaneously lift off, Cl2-based GaN films, grown directly on full 2 inch 
sapphire wafers self-separate when the thickness exceeds 0.7 mm.
5.5 Conclusions
Cl2-based HVPE is capable of producing similar quality GaN as classic HCl- 
based HVPE but at 5x higher growth rates. Additionally the parasitic deposi­
tion is much reduced, increasing the thickness we could achieve in a single 
run from 300 pm  to 1.2 mm. These preliminary results on the Cl2-based 
HVPE growth of GaN show sufficient promise to warrant further research, 
especially since Cl2-based HVPE GaN be applied directly to the sapphire sur­
face without external pretreatment steps. A careful optimization of the nu- 
cleation and initial overgrowth conditions of the Cl2 -based GaN is required 
to achieve similar results, as with the HCl-based templates. However, this 
preliminary study shows that the nucleation, overgrowth, and spontaneous 
liftoff of Cl2-based HVPE GaN on mis-oriented sapphire substrate is possible. 
Further research will eliminate the need for HCl-based templates, reducing 
the production time and costs by a factor of 5 or more. Due to the easy 
scalability of the HVPE process [13], this novel method could go a long way
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in reducing the price and increasing the availability of free-standing GaN 
substrates.
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Scaling up a horizontal HVPE 
reactor
Chapter ____________________________________
Progression is made in the semiconductor industry not only in the im­
provement of the crystalline quality of the materials but also the wafer 
size. To reduce the costs of large scale GaN wafer production, one would 
like to make wafers of a diameter for which these costs are minimized. 
Of course, the diameter of these wafers is large, while most research 
on defect reduction and quality improvement is done on smaller wafers. 
Thus, it is imperative we find a method to convert the optimized pro­
cesses and reactors for small diameter wafers to large scale applica­
tions.
We considered the whole HVPE growth process as a combination of 
chemical reactions, gas flows, and species diffusion. All these can be 
described by differential equations, which in turn are governed by di- 
mensionless numbers, each consisting of a different product of process 
parameters. Since the differential equations do not change when the 
dimensionless numbers remain the same, we can transfer our working 
HVPE processes to a larger scale if we manage to cancel out the size 
dependency in every relevant dimensionless number.
C.E.C. Dam, T. Bohnen, C.R. Kleijn, P.R. Hageman, and P.K.
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6.1 Introduction
One main problem obstructing the growth of high performance gallium 
nitride devices is the absence of native, or at least lattice-matched sub­
strates. Such substrates would allow for growth with a lower dislocation 
density, which would be beneficial for the device quality and life time. One 
option to overcome this problem is to use GaN itself as it would meet most 
substrate requirements for zero or low thermal expansion and lattice con­
stant mismatches [9 ]. Hydride vapor phase epitaxy (HVPE) is the best tool 
to grow thick GaN layers on a foreign substrate at 100 pm /h  or more. Af­
ter removal of the substrate, e.g. by laser lift off or chemical/mechanical 
removal, these layers can be used as quasi-substrates for homo-epitaxial 
growth [97-102 ]. Substrates obtained in this way are slowly becoming 
commercially available as the thickness of GaN layers grown on two inch 
or smaller substrates increases. For hetero-epitaxy on two inch wafers by 
HVPE growth crack-free GaN layers around 300 pm have been achieved by 
various groups [10, 103, 104], while HVPE homo-epitaxy can yield 2 mm 
thick layers [105].
This increase of both thickness and quality of GaN wafers is for a large 
part due to the careful optimization of the design of the reactors, the gas 
flows used, and the applied growth methods; basically it is the result of an 
accumulation of knowledge with time and experience.
When scaling up to a larger reactor, this knowledge is often lost and 
the optimization has to be done again. In the future it seems likely that 
thick high quality two inch wafers will be followed by similar GaN boules, 
only with diameters of four inches or even larger. Increasing the wafer 
size would, in most cases, require a redesign of the reactor and, in turn, 
a new and possibly lengthy optimization process. One cannot, for growth 
on four inch substrates, simply double all the growth parameters as some 
scale with the dimension in a different manner than others (compare e.g. 
concentration and gas inlet velocities). This could lead to turbulence or 
thermodynamically unfavorable growth conditions.
To overcome this problem we applied a study of dimensionless numbers 
on our two HVPE systems where the larger one has twice the dimensions 
of its smaller brother: a schematic of this reactor is seen in figure 6.1. In 
a HVPE reactor GaCl(g), produced by flowing HCl(g) over liquid gallium in a 
1000°C zone, is pushed by N2 gas towards the rotating substrate where it
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Figure 6.1 Schematic of the HVPE reactor and, in the upper left corner, the part 
used for scaling studies.
meets NH3(g) to form GaN and its byproducts H2(g) and HCl(g) at 1100°C. 
The 4 inch reactor can contain a single 4 inch wafer or three 2 inch wafers. 
For clarity we'll assume a single wafer for the 4 inch reactor. A mirror plane 
can be found at the cross section of the reactors (not considering the rota­
tion of the substrate). We use hydrogen as the main carrier gas because of 
its positive effects on the crystal quality and higher growth rates [86].
To the best of our knowledge, a study of dimensionless numbers with 
respect to scaling up has never been rigorously applied to HVPE growth. The 
result is a short set of new and unique guidelines to keep flow patterns and 
chemistry identical when taking a two inch growth process and adapting it 
to a four inch reactor. Using these guidelines all knowledge and methods 
obtained by growing two inch wafers can directly and without much effort
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be translated to a larger reactor to grow bigger or multiple wafers.
We tested this theory making use of computational fluid dynamics (CFD) 
calculations to simulate the processes inside the reactor. In the past we 
have shown that our simulations using "Fluent" agree well with the actual 
growth process and applied the same equations and boundary conditions 
for our scaling up study [85, 86]. For this paper we used CFD to calculate 
the path lines and the concentration and deposition contours for the smaller 
reactor and then did so for the new four inch wafer reactor while keeping 
certain dimensionless numbers the same for both systems. The CFD images 
will show that the flow patterns and contours are identical when applying 
our theory of keeping dimensionless numbers constant with respect to the 
two inch reactor's growth parameters to obtain growth conditions for a re­
actor twice the original size.
6.2 Theoretical background
Under the common assumptions that are generally valid for gas flows in 
(near) atmospheric pressure CVD processes [106-108 ], the variable den­
sity gas flow in a HVPE process can be described by the conservation equa­
tions for mass, momentum and thermal energy, the so-called continuity, 
Navier-Stokes, and energy equations. When appropriately put into non­
dimensional form, three dimensionless numbers are found to dominate the 
gas flow and heat transfer: the Reynolds number Re = pvL /n  (the ratio of 
the inertia forces and the viscous forces in a fluid or gas), the Grashof num­
ber Gr = gL3pAp/n2 (the buoyancy forces divided by the viscous forces), 
and the Prandtl number Pr = n/(pa) (the ratio of viscous and thermal diffu­
sion rates). Here, p, n, and a are the density, dynamic viscosity and thermal 
diffusivity of the gas mixture at a certain reference pressure and tempera­
ture, v  is a characteristic gas velocity, and L is a characteristic dimension 
of the reactor. In the nearly isothermal reactor studied here, the density dif­
ferences Ap are mainly due to concentration differences of light and heavy 
gases. Since Pr%0.7 for all gases, dynamic similarity of the gas flow and 
heat transfer is obtained when both the Reynolds and Grashof numbers are 
kept constant when scaling up. An important role is also played by the so- 
called mixed convection parameter Gr/Re2, which determines the relative 
importance of free convection, driven by gravity and density differences,
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and forced convection, driven by pressure differences.
When species transport and a chemical GaN deposition reaction at the 
surface are taken into account too, two additional dimensionless numbers 
start to play a role, viz. the Schmidt number Sc = n/(pD), describing the 
ratio of momentum and species diffusion, and the surface Damkohler num­
ber Das = RsL/(Dc0f n ), which characterizes the ratio between the molar 
growth rate of the GaN crystal at the substrate and the speed of diffusive 
transport of the growth limiting species transport towards the substrate. 
Here, c0 = p/(RT) is the total molar concentration of the gas mixture in the 
reactor, f n is the mole fraction of the growth rate limiting precursor in the 
reactor inlet, and D its diffusion coefficient. For most combinations of car­
rier gases and precursor gases, Sc does not play a role in the scaling.
When it is assumed that the deposition rate is transport limited and de­
termined by the diffusion of a growth limiting precursor to the substrate, 
which is a valid assumption for the HVPE process under consideration, the 
molar deposition rate is given by Rs = Dc0 x (d f/dy )substr. When the depo­
sition rate Rs is made dimensionless by dividing it by Dc0f n/L, which is a 
measure for the maximum diffusion of the precursor gas to the substrate, 
we obtain the surface Damkohler number defined above. Consequently Das 
must be seen as the dimensionless mass transfer limited growth rate.
Hence, in order to maintain dynamic similarity of gas flow, heat transfer 
and deposition in scaling up an HVPE reactor, the Reynolds, Grashof and 
surface Damkohler numbers should be kept constant. In this case, the flow 
path lines and dimensionless distributions of temperatures and concentra­
tion distributions will remain equal after scale-up. The same will hold for 
the dimensionless deposition rate and its relative uniformity. The goal of 
our scale up analysis, however, is to maintain a fixed absolute growth rate 
and growth rate uniformity. We will see that this can be realized by varying 
the inlet mole fraction of the growth limiting precursor gas.
In the following, we will study the impact of linearly scaling up an ex­
isting reactor 1 to a scaled-up reactor 2 with a geometric factor X = L2/L i  
on the various dimensionless numbers. In particular, we are interested in 
a geometrical scaling from a 2 inch to a 4 inch reactor, i.e. X = 2. Other 
operating parameters that can be varied are the total pressure p in the re­
actor, the inlet gas velocity v, and the molar fraction f n of the precursor 
gas in the inflowing gas mixture. The density and total molar concentration 
of the gas vary as c0 a  p a  p and the diffusion coefficient and thermal diffu-
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sivity as D a  a a  p -1 . The dynamic viscosity n of a gas does not depend on 
pressure. The absolute deposition rate scales as Rs a  f n L-1 . These depen­
dencies on the process parameters are summarized in the second column 
of table 6.1.
Table 6.1 Scaling behavior of various relevant dimensional and dimensionless 
parameters (- indicates an no change).
Variable Depen­ Scale-up Scale-up Scale-up
dence strategy strategy strategy
on 1: 2: 3:
L, p, v, L a  X L a  X L a  X
and f in v  constant v  a  X1/2 v  a  X1/2
p constant p a  X~3/2 p a  X~3/2
f n constant fin constant fin a  X
p a  p - a  X-3/2 a  X-3/2
co a  p - a  X-3/2 a  X-3/2
n - - - -
D a  p -1 - a  X3/2 a  X3/2
a 1-pa - a  X3/2 a  X3/2
s c = —SC pD - - - -
Pr = nPl rhoa - - - -
R ft) = p -3 
< 1 r- a  pvL a X - -
Gr = gL p2Ap n2 a  p2L3 a  X3 - -Gr
Re2 a  L v -2 a  X - -
Da = RsLDas = Dcofin a  Lfn2 a  X -
a  X-1
Rs = Dc0 ( dy )substr a  f inL 1 a  X-1 a  X-1 -
When the reactor is geometrically scaled up without changing any oper­
ating parameters, indicated as scale-up strategy 1 in table 6.1, all dimen­
sionless numbers will change, and dynamic similarity will be lost. The only 
way to keep the Grashof number fixed when the reactor dimensions are 
scaled as L a  X is to decrease the density of the gas mixture as p a  Ap a  
X-3/2. This change in density can be obtained by changing the operating 
pressure according to p a  X-3/2.
Then, in order to keep the Reynolds number constant, the velocity should
6.2. Theoretical background 91
be scaled as v  a  X1/2. This is indicated as scale-up strategy 2 in table 6.1. 
This scaling leads to dynamic similarity of the gas flow patterns in the pres­
ence of buoyancy effects. With this scaling, the Damkohler number also 
remains unchanged, leading to scaling similarity in the dimensionless con­
centration profiles and deposition rates as well. However, the values of the 
absolute deposition rates will decrease as Rs a  X-1 .
Identical absolute deposition rates and uniformities can be obtained by 
scaling the gas velocity as v  a  X1/2, the operating pressure as p a  X-3/2, 
and the inlet molar fraction of the rate limiting precursor as f n a  X. This 
is indicated as scale-up strategy 3 in table 6.1. In this case, the Reynolds 
and Grashof number remain unchanged, but the surface Damkohler number 
decreases as Dasa  X-1 . However, for transport limited deposition, Das >  1 
and this will remain so after geometric scaling up with a moderate factor 
X Therefore, moderate variations in Das will not lead to significant varia­
tions in the dimensionless concentration profiles, and consequently not to 
significant changes in the relative deposition rate uniformities.
In the following, CFD simulations will be used to study the influence of 
the three proposed scale up strategies on the gas flow and deposition in the 
reactor, and to validate the above theoretical considerations.
Figure 6.2 Pathlines for the different reactor sizes for scale-up strategies 1 (left) 
and 2 (right).
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6.3 Results
6.3.1 Scale-up strategy 1
Simply scaling up the reactor without changing the pressure or the inlet 
velocities of the gases (note: this does imply changing the mass flows into 
the reactor), results in large changes in the gas flow patterns as is shown 
on the left hand side of figure 6.2. The top figure shows the original reactor 
X = 1, the middle one is scaled with X = 2, and the bottom one is scaled 
with X = 4. Unless stated otherwise all figures showing either pathlines or 
contours of a specific property in this chapter, are from top to bottom with 
X = 1, X = 2, and X = 4. Also, the images for different values of X are always 
depicted at the same size.
Figure 6.2 shows pathlines starting from the GaCl and the NH3 inlets. As 
the flow is assumed to be stationary, the pathlines indicate the trajectories 
which a massless particle would follow when it would be advected by the 
velocity field. For X = 1 a small recirculation zone is visible upstream of the 
susceptor, which holds the substrate. When the length scale increases this 
recirculation zone grows and for X = 4 already reaches halfway between the 
inlet of the main carrier gas and the NH3-inlet. The formation of the recir­
culation zone is driven by buoyancy, i.e. the combined effect of gravity and 
density differences between the various gas streams. When X is increased 
by a factor 4, Gr/Re2, which is a measure for the importance of buoyancy, 
increases by a factor 4 as well (see table 6.1).
- ----------- ' ----- ---------------------- — _  1 ' fg- —■
-----;= = = ~ 1 ------------------  1
À  =  2 À  =  4
Figure 6.3 The effect of gravity for increasing velocity (0.5vo, vo, and 2vo from 
top to bottom) at constant pressure for A =  2 (left) and A =  4 (right).
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6.3.2 Scale-up strategy 2
To obtain dynamic similarity we have to apply a different scaling rule. Be­
sides the velocity, the pressure in the reactor should be changed in order 
to keep both Gr and Re constant. The flow patterns which are obtained for 
keeping both Gr and Re constant are shown in figure 6.2. They are very 
similar and all show a small recirculation zone.
The number Gr/Re2 indicates the importance of gravity. For the two 
scaled-up reactors, X = 2 and X = 4, this effect is shown in figure 6.3. It is 
clearly seen that with increasing velocity (from top to bottom: 0.5vo, v o, 
and 2 v o for X = 2 and 0.25vo, v o, and 4 vo for X = 4, i.e. increasing Re and 
decreasing Gr/Re2 from 8, 2 to 0.5 for X = 2 and from 64, 4, to 0.25 for 
X =  4), the recirculation zone becomes smaller and almost disappears for 
X = 4 with a 4 times higher gas velocity. This result indicates that, when the 
recirculation zone is unwanted, it is possible to reduce it by increasing the 
velocity of the incoming gases.
Figure 6.4 Contours of the molar concentration GaCl (left) and the contours of 
deposition rate on the susceptor and the disk (right) for scale-up strategy 2.
From the above, it can be concluded that two numbers govern the flow
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pattern: Gr and Re. When, as in scale-up strategy 2, these are kept fixed 
by varying the inflow velocity and the pressure, the dimensionless velocities 
remain unchanged. Moreover, since also Sc remains unchanged and Das re­
mains large in the applied scaling process, the profiles of the dimensionless 
mole fractions f / f m are unchanged too. This is evidenced by the contours 
of the GaCl and NH3 concentrations, which are identical for all scales. This 
is shown for the GaCl concentration at the symmetry plane of the reactor in 
figure 6.4 on the left: contours are drawn at 1/15, 2/15, 3 /15 ,.. . ,  14/15, and 
15/15 x cn . The absolute maximum value of the concentration decreases 
with decreasing pressure. However, the dimensionless concentration pro­
file remains constant. As a result, the relative growth rate uniformity will 
be identical too, as can be seen on the right hand side of figure 6.4: the 
contours of deposition rate with constant Re and Gr, (the corresponding 
pathlines are shown in figure 6.2) are very similar for all sizes A. The max­
imum values are: Rs,max = 738 jum/h for A = 1, 350 jum/h for A = 2, 177 
jum/h for A =  4. The contours are drawn at 1/15, 2/15, 3 /15 ,...,  14/15 and 
15/15 x Rs,max. The absolute values of the deposition rates, however, de­
crease when A increases.
Figure 6.5 The pathlines, contours of GaCl concentration at the symmetry plane, 
and contours of GaN deposition on the disk for scale-up strategy 2 (left) and 3 
(right) for the A = 2 reactor.
6.3.3 Scale-up strategy 3
Although deposition rate uniformity is preserved when the above scale-up 
strategy is applied, the decreasing growth rate is not a desired result, as
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the high growth rate is one of the assets of HVPE growth. The absolute 
values of the growth rate can be properly scaled by increasing the GaCl 
concentrations in the reactor. In this case, the value of Das is changed, but 
as long as it remains large, this will not influence the relative distributions 
of species concentrations and deposition rates.
GaCl is fed into the reactor through the GaCl inlet, in which it is diluted 
with N2. As a result, increasing the GaCl concentrations in the reactor can 
be achieved in various ways. Firstly, the flow rate of GaCl through this inlet 
can be increased, while keeping the total flow rate through this inlet fixed by 
simultaneously decreasing the N2 flow. Other ways of obtaining the same 
result are increasing the total flow through the GaCl inlet while keeping the 
GaCl mass fraction constant, i.e. simultaneously increasing the GaCl and 
N2 flows, or just increasing the mass flow of GaCl into the reactor without 
adjusting the N2 flow. For the small (A = 1) reactor, the total (GaCl plus N2) 
flow through the GaCl inlet is 250 sccm only and quite small relative to the 
other flows (1530 sccm for NH3 and 2800 sccm for the main carrier gas). 
As a result, all three options mentioned above for increasing the GaCl flow 
into the reactor will not result in drastic changes in the flow or deposition 
pattern.
The results for doubling the mass flow of GaCl into the reactor for A = 2 
while keeping the total mass flow through the GaCl inlet constant, i.e. at 
constant Re, Gr and Das, are shown in the right hand side of figure 6.5. 
From top to bottom the pathlines, GaCl molar fraction at the symmetry 
plane through the reactor, and the deposition rate at the susceptor and disk 
are shown. In the column on the left hand side the same figures are shown 
when only Re and Gr are kept constant. The maximum deposition rate for 
the left hand side is: 350 um/h and for the right hand side: 780 jum/h. 
It is observed that the pathlines, scaled contours of GaCl concentration, 
and scaled contours of GaN deposition are very similar for both cases. The 
absolute values of the growth rate, however, are roughly doubled when the 
mass flow of GaCl and, thus the GaCl concentration at the inlet, is doubled.
6.4 Conclusions
In this paper we presented data on the geometrical scale-up by a factor 
A = 2 of our small, 2 inch wafer HVPE reactor to a larger, 4 inch reactor. It
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was shown that it is possible to realize an identical behavior of the gas flow 
and the growth process.
For dynamic similarity of the gas flow, both the Grashof number and the 
Reynolds number need to be kept constant. This can be obtained by chang­
ing the pressure, which affects the density and the diffusion constants, and 
the velocity. When the pressure is scaled as p a  A-3/2 and the velocity 
as v  a  A1/2, the flow pattern and relative growth rate uniformities do not 
change during scaling. In order to obtain the same absolute growth rates, 
the mass flow of GaCl into the reactor needs to be increased. As the flow 
through the GaCl inlet is only small, this will not have a very large influ­
ence on the total flow or deposition patterns. In order to double the size 
of our 2 inch reactor while maintaining constant deposition conditions, the 
pressure should be reduced to from 1000 to 350 mbar, the GaCl mass flow 
rate should be increased by a factor 4 (the additional factor of 2 is to com­
pensate for the reduction in the inflow velocity), and all other mass flow 
rates should be increased by a factor of -/2 with respect to the smaller
2 inch reactor. Note that, since the deposition surface also increases by 
a factor 4, the conversion efficiency of GaCl will remain unchanged in the 
scale-up. The increase in the GaCl flow can be achieved by increasing the 
mass flow of HCl through the Ga-boat by a factor 4. With these quantities 
the growth rate and its distribution over the susceptor for the process in 
the four inch reactor should be comparable to what is found in the two inch 
system. Experiments are needed to verify these results.
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Transition metal nitride materials have a wide range of applications and 
interesting properties. Among them is scandium nitride (ScN). Though 
scandium metal is very rare, ScN has an amazing potential, especially 
due to its double bandgap: a direct bandgap of 2.1 eV and an indirect 
bandgap of 0.9 eV. The double bandgap could result in some interesting 
opto-electronic applications, such as white light LEDs and solar cells. 
ScN is also a very hard and chemically resistive material which could be 
used as coatings for machinery. Doping ScN with manganese results in 
a ferromagnetic semiconductor and, in turn, spintronic devices. Addi­
tionally, ScN can alloy with GaN to provide an alternative for InGaN and 
it is one of the few materials that can act as a lattice matched substrate 
for high quality GaN deposition. Despite all this, there is scarcely any 
research done on ScN. The last work on HVPE of ScN dates from 1972 
and in this chapter we seek to expand on that study.
J.H. Edgar, T. Bohnen, and P.R. Hageman
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7.1 Introduction
The transition metal nitride semiconductors exhibit an exceptionally high 
potential as functional materials. Their exceptional electrical, optical, electro­
mechanical [44], and ferromagnetic [45] properties make this class of ma­
terials worthy of investigation for their potential applications in electronic 
and opto-electronic devices. Scandium nitride (ScN) is an especially inter­
esting transition metal nitride, due to its low lattice constant mismatch with 
gallium nitride (0.1% in the (1 1 1) plane) [109]. This excellent agreement 
between lattice constants has led to several combinations of ScN and GaN 
which have been proposed or prepared, including ScN buffer layers for GaN 
on Si substrates [14], ScN-GaN superlattices [44], ScN-GaN heterojunctions 
[110], and alloys [42, 43, 111].
Figure 7.1 Individual unit cell of rock-salt ScN w ithout and with boundary atoms, 
and a 2 x 2x 2  stacking of cells.
The extremely low mismatch of ScN (1 1 1) with c-plane GaN scandium 
nitride allows for the deposition of thin film GaN-based devices with very 
little strain. Thus, using ScN as a substrate could lead to nearly defect-free 
GaN and, in consequence, high efficiency GaN devices. The growth of ScN 
bulk crystal by the sublimation-recondensation method is already feasible 
[17].
In addition to the low lattice mismatch, an added benefit to the use of 
scandium nitride substrates for GaN devices is the ir good thermal stability 
with a melting temperature above 2000°C, and low nitrogen vapor pressure 
(in comparison to GaN and InN). As the deposition of GaN by MOCVD usu-
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ally occurs at higher temperatures (> 1000°C), this stability should reduce 
any contamination of Sc into the GaN layer. On the other hand, scandium 
is an element in the IIIB column of the periodic table and normally has a 
valence of three, making ScN a group III nitride. Hence, the incorporation of 
trace amounts of scandium into GaN should not alter its electrical properties 
through doping.
Scandium nitride also has potentially useful optical and electrical prop­
erties: an indirect bandgap of 0.9 eV; an unusually strong direct bandgap of 
±2.1 eV [ 16]; and a high electron mobility for high electron concentrations 
(twice as high as silicon at 1020 cm-3 ) [15]. In a metastable form, hexag­
onal ScN can also exist and is predicted to have a very high piezoelectric 
coefficient [44]. A high solubility of manganese in ScN and a predicted high 
Curie temperature make ScN a good candidate for a ferromagnetic semi­
conductor [45 ].
(100) (110) (111)
Figure 7.2 Projections of the rock-salt ScN crystal lattice when viewed along the 
(1 0 0), (1 1 0), and (1 1 1) crystallographic directions.
The normal crystal structure for ScN is rock salt with a lattice constant 
of 4.505 [109]. It possesses a the same cubic symmetry as plain NaCl, 
which places it in the Fm3m symmetry group (space group number 225). 
Figure 7.1 shows the evolution from a single ScN unit cell to a 2 x 2 x 2  crys­
tal. Also, cubic symmetry is observed when viewing the crystal lattice along 
the main crystallographic directions (figure 7.2). Similarly, rectangles can
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be seen when viewing along the (1 1 0) direction. This is in contrast to the 
(1 1 1) direction, which has the same symmetry as the hexagonal (0 0 0 1) 
GaN plane. Also the lattice constants of (1 1 1) ScN and and (0 0 0 1) GaN 
match within < 0.1%.
The deposition of ScN films has been achieved by various techniques, 
including sputtering [110], molecular beam epitaxy [14, 42, 43, 109, 111], 
and hydride vapor phase epitaxy [15]. The latter is the most successful 
chemical vapor deposition method for producing films several microns thick 
at high growth rates around >100 jum/h. In the past Dismukes et al. have 
grown ScN films by HVPE [15, 112]: Scandium nitride films were prepared 
by first reacting HCl and other hydrogen halides (HBr and HI) with scandium 
to form a volatile compound, which was subsequently mixed with ammonia 
to form ScN.
Despite the similarities to "classic" GaN or AlN HVPE, the chemistry of 
ScN HVPE is significantly different than that of GaN or AlN due to the differ­
ent thermal stabilities of scandium metal, ScN, and chlorides of scandium. 
Gallium and aluminum both form volatile chlorides (GaCl, GaCl3, and AlCl3) 
with boiling points (< 250°C) significantly below the typical source or de­
position temperatures for AIN or GaN HVPE, which are ~1000°C. Hence, 
there is very little risk of these chlorides condensing at typical deposition 
temperatures. In contrast, scandium trichloride (ScCl3), one possible prod­
uct formed by the reaction between HCl and scandium, has a high melting 
temperature (967°C [113]), and hence a lower volatility at typical source 
and deposition temperatures (800-1000°C for ScN). Thus, for source or sub­
strate temperatures below its melting point, ScCl3 might condense.
Another significant difference is that scandium metal has a strong affin­
ity for oxygen in contrast to gallium. Scandium is one of the few metals 
that will react with and reduce SiO2, by forming silicon and scandium ox­
ide [114]. Similarly, ScCl3 reacts with quartz at elevated temperatures to 
form SiCl4 and Sc2Si2O7 [115]. Like aluminum but unlike gallium, scandium 
reacts with molecular nitrogen (N2) to form the nitride. Gallium remains a 
liquid metal at typical source temperatures and does not form GaN when 
exposed to hot nitrogen (which is the most common carrier gas for HVPE 
deposition of GaN). In contrast, scandium is a solid at typical source tem ­
peratures (its melting point is 1541°C) and it readily nitridizes to form ScN 
at temperatures of 1000°C [116].
In the ir studies Dismukes et al. used a variety of substrates such as c-
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plane (0 0 0 1) and r-plane (1 1  0 2) sapphire substrates, and several other 
oxide substrates including magnesium oxide (MgO), spinel (MgAl2O4), and 
titania (TiO2). Dismukes et al. [ 15] found that the ScN films deposited 
on c-plane and r-plane of sapphire showed a morphology with mixed out-of­
plane orientations. Electron diffraction revealed (1 1 1) and primarily (1 0 0) 
orientations on the c-plane and r-plane sapphire, respectively. The highest 
single-crystalline quality, along with the the highest electron mobility, were 
produced at a substrate temperature between 850 and 930°C. The highest 
electron mobility obtained was 176 cm2/Vs for a ScN film  with an electron 
concentration of 1 .9x1020 cm3. Scandium nitride films grown outside of this 
temperature range were polycrystalline with much lower electron mobilities 
[15].
Table 7.1 Lattice mismatches of several substrate materials with the ScN (1 1 1)
plane
Material 6H-SiC sapphire sapphire MgO
Orientation (0 0 0 1) (0 0 0 1) (1 1  0 2) (1 0 0)
Mismatch (%) -3.53% + 13.9% 5.4%; 12.2% 7.3%
This chapter extends the work of Dismukes et al. [15, 112] by further 
investigating the effects of process conditions on the structure and compo­
sition of ScN films produced by HVPE. Scandium nitride films were prepared 
by HVPE on 6H-SiC (0 0 0 1) substrates, which has a smaller lattice constant 
mismatch compared to many other substrates, only — 3.53% for c-plane 
6H-SiC (0 0 0 1). For comparison, the lattice constant mismatch is +13.9% 
on the c-plane sapphire, and 5.4% and 12.2% (in perpendicular directions) 
on r-plane sapphire, and is 7.3% for ScN on MgO (1 0 0) substrates (table 
7.1). Of the substrates listed in table 7.1, 6H-SiC is thermally more stable 
than sapphire or MgO, which might help to elim inate any tendency for reac­
tion between the film  and the substrate. The process conditions examined 
in this study were the scandium metal source and the substrate tempera­
tures. The orientations of the ScN films were characterized by 9-29 X-ray 
diffraction. The morphology and thickness of the films were determined by 
optical and scanning electron microscopy (SEM). Energy dispersive analysis 
of X-rays (EDX) was employed to test for the presence of impurities in the 
ScN films. These results are useful for identifying the specific effects of pro-
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cessing conditions on the properties of the ScN films and for optimizing the 
deposition process.
HCI + H2
h2
n h 3 + h2
Figure 7.3 Schematic representations of the modified HVPE reactor for the de­
position of ScN.
7.2 Experimental methods
Scandium nitride films were deposited in a horizontal HVPE reactor, which 
was modified to enable the deposition of ScN (figure 7.3). The scandium 
source was the pure metal, with a metal-basis of 99.99 wt% scandium, ac­
cording to the vendor. Nickel and copper were the major metal impurities; 
both were present at concentrations of 100 ppm. The concentrations of 
nonmetals (hydrogen, carbon, nitrogen, and oxygen) were not provided by 
the vendor, and were not measured. Scandium metal was reacted with hy­
drogen chloride mixed in hydrogen to produce a volatile scandium chloride­
hydrogen mixture in the source zone. This mixture was subsequently com­
bined with ammonia and hydrogen just above the substrate to form ScN. 
Typical flows were 25 sccm HCl, 500 sccm NH3, and 2,900 sccm H2. Hy­
drogen was used as the carrier gas to prevent the nitridation of the pure 
scandium metal at the source [ 116]. The pressure was held constant at 
970 mbar. The films were deposited on both Si-face and C-face (0 0 0 
1) 6H-SiC substrates. Typically, films were deposited for 1 h. The effect 
of temperature on the structure of the films was investigated by varying 
the substrate temperature from 800 to 1100°C. In another series, three 
films were deposited at the same substrate temperature, 800°C, but with 
three different source temperatures (800, 900, and 1000°C), to investigate 
this effect on the film  composition. The out-of-plane orientations of the
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ScN films were determined by 9-29 X-ray diffraction with copper radia­
tion. The average thicknesses of the layers were calculated from the mass 
change that occurred during deposition, taking the density of ScN to be 
4.276 g/cm3. These were confirmed by measuring the films' thickness di­
rectly by examining the edges of cleaved cross-sections. The morphology 
of the films was characterized by optical and scanning electron microscopy. 
The compositions of the films were analyzed by energy dispersive analysis 
of X-rays (EDX) and backscattering zxx-z Raman spectroscopy.
7.3 Results
The reaction between the volatile scandium compound and the quartz re­
actor was confirmed in our initial studies of ScN deposition on sapphire: 
a high silicon concentration was detected in the ScN layers. Likewise we 
confirmed the direct nitridation of the scandium metal at elevated temper­
atures. Subsequently, the quartz source tube was replaced with an alumina 
tube to avoid direct contact between scandium metal and quartz (figure 
7.3) and carrier gas in the reactor was set to hydrogen for the full duration 
of the process. Alumina was viewed as more thermally stable and less likely 
to react with scandium. Unfortunately, this assumption turned out be false, 
as the scandium appears capable of reducing the alumina. This reduction 
led to trace amounts of aluminum in the ScN films.
A thick deposit of small ScN crystals formed on the outlet from the 
source. In GaN HVPE epitaxy, this is known as the parasitic deposition and 
is a serious obstacle in achieving thick, high quality GaN layers. The very 
high supersaturation, caused by high concentrations of GaCl3 and NH3 near 
the inlet, gives rise to spontaneous nucleation of GaN on quartz ware, which 
eventually blocks the inlet. It appeared a sim ilar nucleation occurs for ScN 
HVPE, leading to a blocking of the inlet by polycrystalline ScN. This spu­
rious deposition reduced the amount of reactants reaching the substrate, 
and made it impossible to calculate the efficiency of the epitaxy and obtain 
any information about the formation reaction of volatile scandium chloride. 
Deposition at the source outlet with respect to the amount of nitride mate­
rial deposited on the substrate was less a problem with the epitaxy of GaN 
in the same reactor with the same reactor configuration. This suggests 
that the reaction between the volatile scandium chloride compounds and
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ammonia is more rapid and irreversible than in the analogous case of GaN. 
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Figure 7.4 Full range zxx-z Raman spectrum revealing the ScN and 6H-SiC peaks 
(a), a detailed scan of the ScN peaks (b), fitted curves to the TA/LA peaks of ScN 
(c), and the peak positions and their respective labels (d).
The nature of the deposit on the 6H-SiC was initially confirmed by zxx-z 
Raman spectrocscopy (figure 7.4a). The presence of the 6H-SiC substrate 
is directly observed by the peaks at 779 and 966 cm-1 , corresponding to 
the TA/LA branch of 6H-SiC. Additionally, the double phonon frequencies 
of these TA/LA phonon are found at 1328 and 1610 cm-1 . The peaks in 
the 300-700 cm-1 range correspond to to typical ScN emissions [17] (fig­
ure 7.4b). The optical branch is located at 654 cm-1 and its position corre­
sponds well to values from literature [117]. The same applies to the acous­
tic branch, which emits around 400 cm-1 . Upon closer examination we 
see this branch actually consists of two separate peaks, located at 367 and 
431 cm -1 (figure 7.4c).
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7.3.1 Orientation of the ScN films on 6H-SiC (0 0 0 1)
Figure 7.5 X-ray diffraction pattern for a ScN/6H-SiC (0 0 0 1) film deposited at 
scandium source temperature of 1000°C and a substrate temperature of 1100°C. 
The ScN layer exhibit a mixture of the (1 1 1) and (1 0 0) orientations.
The orientation of the ScN films was dependent on the substrate temper­
ature employed; a mixture of orientations was produced with deposition at 
a substrate temperature of 1000°C or higher. A 0-20 XRD pattern, represen­
tative of samples prepared at high substrate temperatures is presented in 
figure 7.5. Diffraction peaks from the 6H-SiC substrate are seen at 35.74° 
and 75.72° for the (0 0 0 6) and (0 0 0 12) planes, respectively. For ScN 
films deposited at 1000°C or higher, peaks from the (1 1 1), (2 0 0), and 
(2 2 2) planes were seen at 34.46°, 40.00°, and 72.65°. Thus, ScN films 
deposited at high temperatures were a mixture of (1 1 1) and (1 0 0) ori­
entations. In contrast, ScN films deposited between 800 and 900°C were
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of a single orientation (figure 7.6). At the lower temperatures, only the ScN 
(1 1 1) and (2 2 2) peaks were detected, indicating the films were (1 1 1) 
oriented (figure 7.6).
SiC (0 0 0 6)
30 40 50 60 70 80 90
20 (°)
Figure 7.6 XRD pattern for a ScN/6H-SiC (0 0 0 1) film deposited using a scan­
dium source temperature of 900°C and a substrate temperature of 800°C. In this 
case, the ScN deposits with only the (1 1 1) orientation, as indicated by the peaks 
at 34.5° and 72.65°.
7.3.2 Morphology
The texture of a series of ScN films deposited with a substrate temperature 
of 800°C and source temperatures of 1000, 900, and 800°C are shown in 
figure 7.7a-c. The thicknesses of these films were 3.0, 1.3, and 2.5 pm, 
respectively. At a source temperature of 1000°C, the deposit consisted of a 
continuous film  with a high concentration of four-fold symmetry individual 
grains (figure 7.7a). The grains were preferentially deposited with a square 
base. The cubic symmetry of these suggests a (1 0 0) orientation parallel
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to the substrate surface (figure 7.2). The facets on the grains appear to 
be (1 1 1) planes, based on their equilateral triangle shape and orientation 
relative to the square base of the grains (figure 7.2).
Figure 7.7 Scanning electron micrographs of a ScN film deposited at a substrate 
temperature of 800°C and a source temperature of 1000°C (a), 900°C (b), and 
800°C (c) (magnification 5000x).
At a source temperature of 900°C, a continuous film  is formed, with a 
reduced concentration of individual grains (figure 7.7b). These grains were 
similar in shape to those forming at a source temperature of 1000°C, but 
were smaller. Grain boundaries can be seen meandering throughout the 
continuous film.
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Figure 7.8 SEM images of the ScN film on (0 0 0 1) 6H-SiC deposited at a source 
temperature of 800°C, incline 45°, uncoalesced region (a), and a nearly com­
pletely coalesced region (b).
At a source temperature of 800°C, well-faceted triangular features of in­
dividual grains were apparent (figure 7.7c). The triangular shape of these 
grains suggests the formation of (1 1 1) surface parallel to the (0 0 0 1) 
surface of the 6H-SiC. A few relatively large individual square deposits were 
also apparent on the surface of the film  (figure 7.7c). To gain a better 
prospective of the shape of deposits, the film  deposited at a source tem ­
perature of 800°C was examined at an inclined angle of 45° (figure 7.8). 
The individual islands of ScN form with (1 1 1) facets, as indicated by the 
shape of the sidewalls (figure 7.8a). While the top surfaces of the individual 
islands are smooth (figure 7.8a), the surface of the film  becomes rougher 
after coalescence (figure 7.8b), a consequence of secondary nucleation.
7.3.3 Composition
Aluminum was the main impurity detected in all ScN samples deposited 
at combined substrate and source temperatures above 1000°C. A typical 
Al concentration for a film  deposited with both the source and substrate 
temperature greater or equal to 1000°C was ~2 at%. The aluminum was 
uniformly distributed over the sample surface. Presumably, the Al origi­
nated from a reaction between the volatile scandium-chloride reactant and
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the alumina tube containing the scandium metal.
Three films were deposited at a substrate temperature of 800°C and 
with decreasing source temperatures, to test whether reducing the source 
temperature would reduce the aluminum contamination in the ScN layer. 
The results are summarized in table 7.2. Because the EDX instrument was 
not calibrated, the absolute values of the atomic percentages of elements 
are probably not accurate. Specifically, it is unlikely that the actual con­
centration of nitrogen in these samples exceeds 50 at%. Nevertheless, the 
trends in the concentrations of impurities with process conditions should be 
valid, since all measurements were taken on sim ilar samples under sim ilar 
conditions.
Table 7.2 Compositions of three ScN films all deposited at a substrate tempera­
ture of 800°C, as measured by EDX
Source temperature (°C) Elements at%
N Al Cl Sc
1000 54.7 1.5 1.9 41.9
900 55.6 1.3 0.6 42.5
800 55.5 0.5 2.7 41.4
The concentration of Al did indeed decrease as the source temperature 
was reduced, and was at the detection limits of EDAX for films prepared 
with a source temperature of 800°C. However, for all of these films de­
posited with a substrate temperature of 800°C, chlorine contamination was 
significant. No chlorine was detected in films with a substrate temperature 
of 1000 and 1100°C, while the highest concentration of chlorine was de­
tected in the film with both the source and substrate temperature of 800°C. 
This suggests the chlorine concentration increases as the source and sub­
strate temperatures are reduced. Dismukes et al. [15] reported similarly 
high chlorine concentration in their ScN films; values ranged from 1.8x1020 
atoms/cm3 (0.2 at%) to as high as 1022 atoms/cm3 (%10 at%).
7.4 Discussion
The hydride vapor phase epitaxy of ScN films on 6H-SiC (0 0 0 1) by HVPE 
is limited at high source temperatures (> 1000°C) by the deposition of
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films with mixed orientations. The mixed orientations are probably a con­
sequence of spontaneous gas phase nucleation. At a high temperature, a 
high concentration of volatile scandium and aluminum species are gener­
ated in the source zone. The reaction between the volatile source reactants 
and the ammonia-hydrogen mixture is rapid and irreversible. The diffusion 
rate of species at the substrate surface is relatively slow compared to the 
arrival rate of species. Consequently, this results in the deposition of films 
of mixed orientations.
At lower source temperatures, the concentration of reactants out of the 
source zone is lower, and therefore so is the degree of supersaturation. Less 
spontaneous nucleation occurs, so there is less interference with surface 
diffusion at the substrate. Consequently, the reactants can diffuse to the 
regions of lowest energy, corresponding to an epitaxial film with a single 
orientation.
Aluminum in the films is probably caused by a reaction between alu­
mina and scandium compounds in the source zone. Reducing the source 
temperature suppresses this secondary reaction forming volatile aluminum 
compounds more strongly than the primary reaction between HCl and scan­
dium metal. Thus, the Al concentration is reduced by lowering the source 
temperature.
The chlorine concentration in the ScN films increases as the substrate 
temperature is reduced. The vapor pressure of the main chloride of scan­
dium, ScCl3, decreases by two orders of magnitude between 1000 and 
800°C [118]. Thus, chlorine incorporation in the ScN layer becomes much 
more likely as the substrate temperature is reduced.
7.5 Conclusions
6H-SiC (0 0 0 1) is a suitable substrate for the epitaxial growth of ScN (1 1 1) 
thin films. Epitaxy is limited to a substrate temperature of 900°C; higher 
temperatures produce films with mixed (1 0 0) and (1 1 1) orientations. 
The morphology of films deposited at a high source temperature (1000°C) 
and a low substrate temperature (800°C) suggest the mixed orientations 
are caused by gas phase nucleation. A high scandium source tempera­
ture leads to the incorporation of aluminum in the ScN films due reactions 
between the scandium compounds and the alumina reactor tube. On the
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other hand, the incorporation of chlorine in the ScN films is increased as the 
substrate temperature is reduced. Thus, the best conditions for depositing 
epitaxial films of ScN by HVPE may involve a substrate temperature which 
is higher than the source temperature to achieve the goal of low Al and Cl 
concentrations simultaneously.

Chapter
Growth of ScAlN nanowires on 
ScN (1 1 1) films on 6H-SiC 
substrates by HVPE
In this chapter we report the first ever growth of a semiconducting AlN- 
ScN alloy in the form of nanowires. The ScAlN nanowires were grown on 
a ScN film on 6H-SiC (0 0 0 1) by hydride vapor phase epitaxy (HVPE). 
The structural properties of these 50-150 nm thick wires were investi­
gated. The alloying of AlN and ScN results in a wide optical range from 
the UV up to the edges of the visible spectrum, close to the infrared. It 
could therefore present an alternative to InGaN, with ScN being much 
stable than InN. A tentative model, based on catalyst-induced growth, is 
proposed to explain the unintentional formation of nanowires on the ScN 
film. This model is based on the formation of volatile Al (possibly AlCl) 
by the reaction of the scandium metal source with the alumina reactor 
tube and subsequent reaction with hydrogen chloride. This reacts with 
ammonia in the deposition zone to create ScAlN nanowires, catalyzed 
by small ScAl clusters, which are spontaneously formed on the ScN film 
before the nanowire growth.
T. Bohnen, G. W. G. van Dreumel, P. R. Hageman, R. E. Algra,
W. J. P. van Enckevort, E. Vlieg, M. A. Verheijen, and J. H. Edgar 
Phys. Stat. Sol. (a) 206, 2809 (2009)
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8.1 Introduction
In recent years, III-nitride semiconductors have demonstrated their many 
advantages for opto-electronic and electronic devices including blue and 
UV laser diodes, light em itting diodes, and high power high frequency tran­
sistors. Aluminum nitride (AlN) and its alloys are the best candidates for 
deep UV devices due to its extremely wide bandgap (Eg = 6.2 eV) and its 
ability to be doped. The most straightforward option of fine tuning the prop­
erties (bandgap and lattice constants) of the AlN to meet the demands of 
future device designs, such as UV detectors and emitters, is to form alloys 
with the other group III nitrides, including GaN and InN.
An attractive alternative is to form alloys with the transition metal (TM) 
nitrides [119]. This creates new possibilities of producing an even broader 
range of properties, such as enhanced magnetism, piezoelectricity, hard­
ness, and chemical properties such as resistance towards oxidation. Such 
alloys will open the route toward many types of multifunctional materials, 
such as a high Tc ferromagnetic GaxTM1-xN semiconductor [120-12 2 ]. Up 
until now the synthesis of group III nitride-TM nitrides remains largely unex­
amined. The one notable exception to this is the alloy TixA l1-xN [123], 
for which considerable work has been done. In the ir sputter deposited 
TixA l1-xN films, Rauch et al. [123], as a consequence of the limited mu­
tual solubility between AlN and TiN, could distinguish separate phases of 
AlN and TiN in the recorded 0-20 XRD spectra.
ScN, a group IIIB TM nitride semiconductor, shares some of AlN's promis­
ing physical properties, such as its high hardness and mechanical strength, 
high temperature stability, and excellent electronic transport properties. It 
has a rock-salt crystal structure with a lattice constant of 4.503 A. Thus, it 
could be a good substrate for the epitaxy of high quality wurtzite GaN and 
AlN crystals with lattice constant mismatches of only 0.1 and 2.4%, respec­
tively, on the ScN (1 1 1) plane. In rock-salt form, ScN is a semiconductor 
with a direct and indirect bandgap of 2.1-2.4 [124] and ~0.9 eV [16], re­
spectively. Alloying ScN and AlN would result in a nitride semiconductor 
which can cover the deep UV up to the visible red part of the spectrum, 
making such ScAlN alloys a viable alternative to the commonly used InAlN
[125], which is difficult to produce due to the low thermal stability of InN 
above 550°C. No semiconducting ScxA l1-xN compound has been reported 
yet, possibly because the solubility of ScN in AlN is low [126].
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Forming structures of nanometer-scale dimensions, such as nanowires, 
is another approach to modifying the properties of the group III semiconduc­
tors. In the case of AlN, high quality one-dimensional (1D) nanostructures 
such as nanowires, nanotubes, and nanobelts have already been reported 
[ 127]. These high quality nanostructures are expected to have better ther­
mal and mechanical properties than bulk AlN, because of the potential ab­
sence of defects and have attracted much attention due to their interesting 
applications. Their high aspect ratio could lead to a better point of view for 
field emission [128] and their high crystalline quality gives them a better 
reinforcing performance than bulk AlN [ 127].
Figure 8.1 Schematic representation of the 4 different types of AlN nanowires 
formation, as determined by Tang et al [129]: template-confined reaction (a), 
catalyst-assisted method (b), arc discharge (c), and vapor transport and related 
growth mechanisms (d).
Such AlN nanowires can be made in several ways. Of the four categories 
of AlN nanowire synthesis (template-confined reaction, arc discharge, catalyst- 
assisted method, and vapor transport and related growth mechanisms, 
shown schematically in figure 8.1), as categorized by Tang et al. [ 129] 
in their 2007 review article, the catalyst-assisted a.k.a. VLS method is the 
most extensively explored approach for making nanowires. This VLS mech­
anism can be applied in a wide range of CVD and PVD reactors, such as 
MOCVD, HVPE [ 130], and MBE [ 131].
Hydride vapor phase epitaxy (HVPE) is a common method for producing 
nitride materials, including nanowires [10, 130, 132]. It uses ammonia and 
a metal chlorine precursor; the latter is created inside the reactor by the 
reaction of HCl and the pure metal. Mostly GaN nanowires [ 130], GaN thick
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films [10], and epitaxial layers of AIN [132] are produced by HVPE, but 
its potential to create precursors in situ from the reaction of HCl with the 
pure metal makes it well suited for doping and alloying studies. Studies by 
Dismukes et al. [15] and Edgar et al. [133] (see chapter 7) have already 
shown that HVPE is also capable of producing ScN films, opening up the 
possibility of creating ScAlN alloys by this method.
In this chapter, we discuss the crystal structure and composition of ScAlN 
nanowires on a ScN film produced by HVPE on 6H-SiC (0 0 0 1) substrates. 
The nanowires' formation was unintentional and we will attem pt to explain 
their formation with a tentative model.
8.2 Experimental Methods
The aluminum scandium nitride nanowires were deposited in a horizontal 
HVPE reactor, as schematically shown in figure 7.3. First a ScN layer was 
deposited on the 6H-SiC, followed by the formation of ScAlN nanowires on 
the surface of the ScN during the subsequent annealing phase.
The scandium source was the pure metal, with a purity on metals-basis 
of 99.99 wt% scandium, according to the vendor, HEFA Rare Earth Canada 
Ltd. Co. Nickel and copper were the major metal impurities, and both were 
present at concentrations of 100 ppm. The source of the aluminum was an 
Al2O3 tube, which served as a holder for the Sc metal. The aluminum oxide 
appeared to decompose in the presence of scandium, with Sc2O3 being the 
final product. When using a SiO2 holder instead, the quartz was attacked by 
the Sc in a sim ilar manner as the alumina, as was reported in our previous 
study of ScN HVPE (see the chapter 7 [133]), where the decomposing quartz 
ware led to high levels of Si impurities in the ScN layers.
Using these materials the nitrides were made according to the follow­
ing growth process. In the source zone, the Sc metal and A l2O3 tube were 
exposed to a hydrogen chloride-hydrogen mixture to produce volatile re­
actants at 900°C. This mixture was subsequently combined with ammonia 
and hydrogen at 800°C just above the substrate to deposit the nitrides. The 
gas flows were 25 sccm HCl, 500 sccm NH3, and 2,900 sccm H2. The pres­
sure was held constant at 970 mbar. The ScN film was deposited on the 
Si-face of a (0 0 0 1) 6H-SiC substrate for 30 minutes. Following the depo­
sition, the susceptor zone temperature was maintained at 800°C to anneal
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the specimen in ammonia for 15 minutes. During the annealing, the heat­
ing elements of the source zone were switched off, allowing it to cool at a 
rate of ~5°C/min. After annealing, the sample was cooled under a constant 
ammonia flow of 1000 sccm until it reached 400°C.
After deposition, the morphology, structure, and composition of the de­
posits were analyzed. The out-of-plane orientations of the deposited films 
were determined by theta-two theta X-ray diffraction (0-20 XRD) using cop­
per radiation. The morphology of the film was characterized by optical 
and scanning electron microscopy (SEM). Cross-sectional images were ob­
tained by cleaving the sample and mounting it vertically in the SEM or EDX 
apparatus. The sample was offset from the vertical direction by a small 
tilting angle so that the top surface of the sample was also visible. The 
compositions of the film and the individual nanowires were analyzed by en­
ergy dispersive analysis of X-rays (EDX) and high resolution transmission 
electron microscopy (HRTEM). The data of the latter were also processed 
using a fast Fourier transform (FFT) algorithm to check for the presence of 
additional phases in a single nanowire. Scanning TEM (STEM) combined 
with high angle annular dark field (HAADF) imaging allowed for imaging as 
well as selecting areas within a single nanowire to perform local EDX mea­
surements. The composition of the source material was resolved by powder 
X-ray diffraction and EDX. Thermodynamic calculations were performed us­
ing EkviCalc 3.01 [87].
8.3 Results
Figure 8.2 depicts the as-grown ScN film and ScAlN nanowires, as exam­
ined by SEM at different magnifications. Millimeter-sized fields with high 
concentrations of nanowires as shown in figure 8.2 were only present in 
certain areas of the sample. In the surroundings of such fields other nano­
sized structures, which could be interpreted as very thick nanowires, were 
found. These structures are similar to those seen alongside the wires in 
figures 8.2c and d. The shape and size of such nanostructures appeared 
random. Elemental mapping by EDX revealed that these structures and the 
nanowires consisted primarily of aluminum, scandium, and nitrogen (fig­
ure 8.3). Higher magnifications revealed that the wires grew perpendicular 
to the substrate surface with an average length of about 1 pm.
120 Chapter 8: ScAlN nanowires by HVPE
Figure 8.2 SEM images of the as-grown wires.
Cross-sectional analysis showed that a continuous thin film  of ScN formed 
on the 6H-SiC substrate before the nanowire growth. In contrast, the ScAlN 
was deposited in the form of discrete nanowires and other small structures 
on the surface of this ScN film. Element mapping by EDX was performed 
on a cross-section of the sample to analyze the distribution of the individ­
ual elements: the aluminum concentration was highest on the surface of 
the sample and its concentration was close to zero in the bulk of the ScN 
layer. The silicon and scandium concentrations remained foremost in the 
substrate and the first deposited layer, respectively. The ScN layer had a 
thickness of roughly 0.8 pm.
Nitrogen, oxygen, and chlorine were also detected and mapped. Unfor-
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Figure 8.3 SEM image of the as-grown wires and median filtered images of the 
EDX maps showing the spatial distribution of each element.
tunately, due to the overlap between the O-K^, N-K^, and Sc-L lines, the 
determination of the O and N distribution is not accurate. The residual chlo­
rine stemmed from the HCl precursor. Oxygen was probably present in a 
native oxide that was formed on the ScN and the AlN during contact with 
air after the growth. Additionally, part of the oxygen might have originated 
from the alumina (Al2O3) tube in the source zone. The intensity of chlorine 
signal was too low to reveal a clear distribution. In our previous studies 
[133] we found that the chlorine resided in or on the ScN.
Next, the nanowires themselves were examined more closely. Several 
nanowires were scraped from the surface and were subjected to further SEM 
studies, revealing a diameter between 50 and 150 nm. The wires were ta­
pered (figures 8.2 and 8.4). On single nanowires, local EDX measurements 
were performed on specific regions, which were selected by the combina­
tion of STEM and HAADF. In three individual wires an aluminum/scandium 
mixture with an Al/Sc ratio of roughly 95/5 was found (figure 8.4a). Mea­
surements on different sites on a single wire (figure 8.4b) indicated a ho­
mogeneous composition. Again, the nitrogen concentration could not be 
determined accurately due to peak overlap between the O-K^, N-K^, and 
Sc-L lines.
Figure 8.5a shows the crystal structure of the nanowires: a typical HRTEM 
lattice image of a single nanowire, viewed from the side. This image and its
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Figure 8.4 Typical EDX spectrum from a single nanowire and a STEM/HAADF 
image of the wires on a Cu-supported holey carbon film (a) and STEM image of a 
nanowire, indicating de different sites 1-4 for the local EDX measurements (b).
Fourier transform (figure 8.5b) revealed that the nanowires possessed the 
wurtzite structure. No additional phases were found. The calculated unit 
cell periodicities for the original 2D HRTEM image were 4.84 and 2.58 A, 
where the former described the periodicity along the growth direction and 
the latter was perpendicular to the first. The amorphous layer surrounding 
the wire in figure 8.5a consists of ScOx, most likely Sc2O3, as determined 
by EDX.
The primary out-of-plane orientation of the continuous ScN layer was 
[1 1 1], as determined by 0-20 X-ray diffraction measurements of the sam­
ple. Two distinct peaks stood out, corresponding to ScN (1 1 1) and 6H-SiC 
(0 0 0 6). A small additional peak was found on the higher 20 side, which 
corresponded to ScN (2 2 2) position.
To verify the model for the nanowire growth presented below, we char­
acterized the source material after ~50 growth runs by 0-20 powder XRD 
(figure 8.6). The material appeared to be converted to Sc2O3. This was con­
firmed by EDX measurements which detected Sc, O, and, in lesser quanti­
ties, N. For a separate growth experiment the alumina tube was replaced by 
quartz (SiO2) holder, resulting in a rapid decomposition of the quartz ware 
in contact with the scandium metal and high levels of silicon in the ScN 
films. No nanowires were observed. The nanowire growth also disappeared 
when the alumina tube was emptied, cleaned completely, and refilled with
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Figure 8.5 HRTEM image (a) of a single nanowire and its Fourier transform (b) 
viewed from the side, indicating the periodicity in the wire.
only pure Sc metal.
Additionally, we studied the nucleation of the ScN on the 6H-SiC sub­
strate, looking for any tendencies toward nanowire growth during the initial 
stages of the deposition. This was not the case, as was shown in the previ­
ous chapter. Figure 7.8a shows an uncoalesced ScN on 6H-SiC layer, where 
the individual ScN nuclei are visible. Under an angle of 45° (figure 7.8b), it 
becomes apparent that in the first stages of the growth small triangular ScN 
nuclei are formed, which expand slowly into an epitaxial film. No evidence 
of nanowire growth was found.
8.4 Discussion
8.4.1 Structural properties of the ScAlN nanowires
The ScN film  was first deposited on the 6H-SiC substrate, followed by the 
nanowire formation. The as-grown nanowires are depicted in figure 8.2. The 
wires are 1 pm long, grown roughly perpendicular to the sample surface. 
This surface consists of a ScN (1 1 1) film , as determined by XRD. The 
nanowires themselves posses a wurtzite crystal structure and were grown
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Figure 8.6 0-20 Powder XRD pattern of the source material, identifying it as 
SC2O3 ■
along the (0 0 0 1) direction, as determined by HRTEM (figure 8.5).
The 4.84 A periodicity along the growth direction is not far from the c- 
axis lattice constant of bulk AIN (4.98 A). This suggests that the growth took 
place along the [0 0 0 1] axis. The 2.58 A lattice constant found by HRTEM 
(figure 8.5) corresponds well to the value for two adjacent lattice fringes of 
the (1 0  1 0 )  planes of AlN [134]. Since the scandium content was only a 
few percent (figure 8.4), the lattice constants of the wire would have tended 
toward those of pure AlN, so those were used to interpret the HRTEM im­
ages. This close resemblance to the AlN lattice constants indicated that the 
metal-nitrogen ratio in the wires is likely 1/1. The two primary directions in
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figure 8.5b are at an angle of 88.7±1° instead of perpendicular, which could 
be indicative of some small distortion of the crystal lattice. Possibly this was 
caused by differences in symmetry between the hexagonal nanowires and 
the cubic ScN film.
No cubic or other ordered phases than wurtzite were found in the HRTEM 
lattice image studies of single nanowires (figure 8.5a). This becomes even 
more apparent in the Fourier transform in figure 8.5b, which shows only one 
phase, namely wurtzite. As ScN is cubic under the conditions applied in this 
experiment (see chapter 7 [133]), phase separation into ScN and AlN within 
a single nanowire was ruled out.
According to single nanowire EDX measurements (figure 8.4), the metal 
content is 5% scandium versus 95% aluminum. The composition appears 
to be homogeneous over the length of the wire. The modification of the 
nanowire's lattice constants, as determined by HRTEM indicates that the 
scandium was not only present in the amorphous ScOx shell as seen in fig­
ure 8.5a, but also in the AlN matrix of the nanowires. The unit cell of the 
nanowires here is different from the literature values for bulk AlN. Ranjan et 
al. predicted a 4.42 A c-lattice for hexagonal ScN [44]. Hence, incorporation 
of Sc in AlN could account for the reduction of the c-lattice constant from 
4.98 to 4.84 A. However, we cannot rule out other causes for the lattice 
constant reduction, such as strain due to the ScOx shell. Nor can we over­
look the fact that the difference between 4.98 and 4.84 A is rather small, 
possibly even close to the resolution of HRTEM. As additional proof for the 
scandium incorporation, we posses extensive cathodoluminescence mea­
surements of these nanowires, which are discussed in the next chapter 9 .
The oxide shell around the nanowire was formed after the growth exper­
iment upon exposure of the nanowires to the air. As ambient conditions 
can account solely for the oxygen, the Sc in the ScOx shell must have been 
present in or on the nanowire. If the shell originally consisted of ScN, traces 
of its cubic crystal structure should have been visible in figure 8.5, as ScN is 
extremely inert. No such pure ScN phase can be seen around the nanowire 
in figure 8.5a, implying that the oxidized Sc originated from the wire. Hence, 
this oxidation layer implies that Sc was built into the nanowires during the 
growth.
Summarizing, since the lattice constants of the nanowires closely re­
semble bulk AlN, and due to the fact that they were formed under NH3-rich 
conditions, we conclude these are ScAlN nanowires, grown on a ScN (1 1 1)
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film on a 6H-SiC substrate by HVPE. In an attem pt to explain the ir formation 
we present here a tentative model.
8.4.2 Growth mechanism of the ScAlN nanowires
In the nanowires described above, the source of the scandium was the pure 
metal in the source zone while the aluminum originated from the A l2O3 
tube. From its powder XRD and EDX spectra (figure 8.6), we found that the 
scandium metal and Al2O3 holder were being converted to Sc2O3 (scandia). 
This compound is thermodynamically more stable than Al2O3 [135], imply­
ing that the scandium reduces the alumina to form scandia. The pure alu­
minum, obtained from this reaction, could react with the HCl into a volatile 
compound, possibly AlCl. This was confirmed using Ekvi System [87] calcu­
lations: at atmospheric pressure and 900°C, the reactants Sc(s), Al2O3(S), 
HCl(g), and H2(g) will form Sc2O3(s), Al(l), AlCl(g), and in lesser amounts 
AlCl3(g) if allowed to assume equilibrium.
We explain the nanowire formation via the model in figure 8.7. A catalyst- 
assisted mechanism was considered to be the most likely nanowire forma­
tion mechanism from the four types of nanowire growth categorized by Tang 
et al. [129]. Figure 8.2a clearly shows that the nanowires grow at any site 
on the ScN film, ruling out any template-related mechanisms. In the initial 
stages of the growth (figure 7.8) we do not detect any signs of nanowire 
formation. Under the given conditions, the initial mode of growth leads to 
ScN thin film epitaxy (see chapter 7 and figure 8.7b).
Possibly, the nanowires could have been formed because of a sudden 
change in growth conditions when the metal precursor flow was stopped. 
Such spontaneous formation mechanism however seems unlikely. Due to its 
design and large volume (1 m in length and 8 cm in diameter), our home- 
built HVPE system cannot induce such drastic changes. When a valve is 
shut to stop a certain gas from flowing, the remaining gas in that line and 
in the reactor is diluted by a hydrogen flow, but this species keeps flowing 
over the substrate at a few cm/s until its concentration reaches zero. All 
changes in precursors concentration therefore proceed gradually. Addition­
ally, Won et al. [ 136] reported that for spontaneous Ill-nitride nanorod for­
mation a stochiometry of = 3 is required. In our case, the total amount 
of HCl decreased after the deposition of the ScN film, making AlCl3 and 
ScCl3 formation instead of AlCl and ScCl unlikely. Thermodynamically, the
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Figure 8.7 Schematic of the nanowire formation process, starting with a bare 6H- 
SiC substrate (a). First ScN film growth takes place (b), during which Al, coming 
from a reaction between the Al2O3 holder and the scandium at the source, starts 
accumulating at the film 's surface (c). When the ScN growth is stopped, the 
Al diffuses over the surfaces and clusters together (d). These clusters act as 
catalysts for the nanowire growth (e). During cooling under NH3, the clusters 
react to form ScAlN (f).
monochlorides are more stable. Thus, the conditions for spontaneous na­
nowire formation laid out by Won et al. could not have been met. Finally, 
changing or cleaning of the alumina holder for the Sc metal terminates the 
nanowire growth, which suggests the nanowire formation is related to the 
source composition rather than being spontaneous.
Ruling out spontaneous formation leaves a catalyst-assisted mechanism, 
such as VLS (figure 8.1c), as the most probable cause. The VLS mechanism 
requires small catalyst particles and we propose that these were formed at 
the start of the annealing phase. We considered pure aluminum or Sc-Al as 
potential catalysts, both being in a liquid phase at 800°C [ 137].
As the composition of the wires is Al-rich ScAlN, the eutectic Sc-Al alloy 
with high aluminum content is the best candidate. During the epitaxial 
growth phase, the amount of volatile aluminum chloride produced via the
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reduction of Al2O3 by Sc and the subsequent reaction with HCl was likely far 
less than the ongoing production of scandium chloride by the direct contact 
of Sc with HCl. This explains why a ScN layer was formed first (figure 8.7b). 
The aluminum present during this stage was not incorporated into the ScN 
as a result of phase separation and resided on top of the ScN layer (see 
figures 8.3 and 8.7c). As shown in figure 7.8, the growth mode during this 
stage was ScN thin film growth.
This growth mode had to change to facilitate the nanowire formation. 
From the structure of the deposit, it is clear that the nanowires were formed 
after the deposition of the ScN layer (see figures 8.2 and 8.3). But the cat­
alyst required for a VLS mechanism must have been present on the surface 
before the growth of the wires. As some residual precursors still linger in the 
reactor at the start of the annealing phase, the nanowire growth most likely 
started at that moment. The steady reduction of alumina by scandium dur­
ing the growth, combined with a fast depletion of gaseous scandium chlo­
ride due to the rapid reaction between scandium chloride and ammonia at 
the start of the nanowire formation, could be a possible explanation as to 
why the aluminum content of the wires is high (figure 8.7c).
Nanowire growth requires catalyst particles. And at this point in the 
process, the liquid metal on top of the ScN film was mobile and able to 
conglomerate, forming clusters of different sizes, depending on the metal 
concentration in the near vicin ity (figure 8.7d). This effect can be seen 
in the distribution of aluminum in figure 8.3, which appears to have been 
depleted in the areas surrounding the nanostructures.
The distribution in size of the conglomerates is due to small fluctuations 
in the metal concentration, an effect that was likely enhanced by the cracks 
cutting through the surface (figure 8.2). This inhomogeneous distribution 
of catalyst material explains the differences in size and the presence of 
non-nanowire structures.
Once the catalysts particles were formed, the growth of the nanowires 
took place (figure 8.7e). The growth proceeded by the dissolution of NH3 
and the remaining metal precursors through the metal catalysts into the 
wires. No clusters were visible at the ends of the wires in the SEM images 
(figures 8.2 and 8.4), because they likely underwent a state change after­
ward by the reaction with NH3 followed by crystallization. Cooling in the 
presence of ammonia forced the Al or Sc-Al clusters to crystallize into AlN 
or ScAlN, which is a viable reaction path for aluminum according to the AlN
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phase diagram (figure 8.7f).
In summary,we presented a tentative model that explains the formation 
of ScAlN nanowires with a high Al content, by the growth via a VLS-type 
mechanism with ScAl as a catalyst.
8.5 Conclusions
In this chapter we presented ScAlN nanowires with a high Al content formed 
during the growth of ScN films by HVPE. The growth of the nanowires took 
place along the [0 0 0 1] axis at a relatively low temperature of 800°C. 
The wires were coated with a ScOx coating, which made direct observation 
of Sc incorporation into the bulk of the wires difficult, but HRTEM studies 
revealed lattice constants, which deviated from typical AlN. We contributed 
this difference to the presence of Sc atoms in the AlN. A tentative model 
was presented to explain the nanowire growth via the formation of liquid 
Sc-Al clusters on the ScN film. This is the first reported alloying of ScN and 
AlN at the nanometer scale. The alloy itself makes an interesting addition 
to the III-V semiconductor group by alloying the III nitrides with the TMs.
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Chapter
Cathodoluminescence study of 
ScAlN nanowires
Wurtzite ScAlN nanowires, grown on a ScN thin film by HVPE, were an­
alyzed by EDX, CL, HRTEM, and SEM. The wires were grown along the 
[0 0 0 1] axis, had an average length of 1 pm, a diameter between 50 
and 150 nanometers, and a ScAlN composition with a 95 : 5 Al : Sc ratio. 
Cathodoluminescence studies on the individual wires showed a sharp 
emission near 2.4 eV, originating from the Sc atoms in the AlN matrix. 
The formation of such a semiconducting ScAlN alloy could present a 
new alternative to InAlN for optoelectronic applications operating in the 
200-550 nm range.
T. Bohnen, G.R. Yazdi, R. Yakimova, G.W.G. van Dreumel, P.R. 
Hageman, E. Vlieg, R.E. Algra, M.A. Verheijen, and J.H. Edgar 
J. Cryst. growth 311, 3147 (2009)
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9.1 Introduction
Transition metal doping of GaN is currently a very active field of research as 
this could give rise to a ferromagnetic semiconductor with a Curie temper­
ature above room temperature. Such a material possesses great potential 
for spintronics applications [138-14 0 ]. Similarly, the combination of GaN 
and ScN has attracted special attention, either as a lattice matched sub­
strate [141], as a buffer layer for the growth of defect-free GaN islands 
[14] or as an alloy [41, 42]. Optical and structural analysis of ScxGa1-xN 
films by Constantin et al. [42] revealed three separate regimes of growth, 
namely (I) wurtzite-like but having local lattice distortions in the vicinity of 
the ScGa substitutions for small x  (x < 0.17), (II) a transitional regime for 
intermediate x, and (III) cubic, rocksaltlike for large x  (x > 0.54). For small 
x  up to 0.17, Constantin et al. observed an anisotropic expansion of the 
ScxGa1-xN lattice, which was interpreted in terms of local lattice distortions 
of the wurtzite structure in the vicinity of ScGa substitutional sites in which 
there is a decrease of the N-Sc-N bond angle. Constantin et al. suggested 
that this tendency toward flattening of the wurtzite bilayer is consistent with 
a h-ScN phase, as predicted by Ranjan et al. [44, 142]. According to cal­
culations by Fredj et al., the transition from a direct to an indirect bandgap 
lies in regime II at x  = 0.39 [143]. Takeuchi [144] performed DFT calcula­
tions on the band structures of different crystal structures of ScN, including 
wurtzite ScN with an a-lattice constant close to that of GaN and AlN. His 
results indicated a large indirect bandgap of ~3 eV.
In its pure form, scandium nitride (ScN) shares some of AlN's promising 
physical properties, such as high hardness and mechanical strength, high 
temperature stability, and excellent electronic transport properties. These 
qualities make ScN a good candidate for alloy formation with AlN. ScN's 
narrow bandgap of ~2.1 eV makes semiconducting ScAlN alloys a good al­
ternative to InAlN for use in opto-electriconical devices with an operational 
range from the UV up to the color red in the visible spectrum [16]. The solu­
bility of ScN in AlN is low, but according to its phase diagram [126], several 
ternary Sc-Al-N compounds can be formed at 1000°C. Possible methods 
to increase this solubility could be reduction of the crystal size or surface 
alloying.
Even small amounts of Sc incorporated into AlN should have an effect 
on the electronic band structure which, in turn, can be probed directly by
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cathodoluminescence, making CL a well suited tool for ScN/AlN alloying and 
doping studies.
For our study of such ScAlN materials, a high level of crystalline perfec­
tion was desired. Meeting this requirement, any deviations from pure AlN 
in properties can then be attributed directly to the presence of scandium in 
the AlN matrix. Such nearly perfect crystals of AlN in the form of nanowires 
have already been reported by Zhang et al. [127]. In addition, Tang et al. 
[145] have demonstrated that even with an exceptionally high Si concen­
tration, Si0.031Al0.4 7 6 N0.492 nanoneedles retained the wurtzite structure of 
pure AlN.
In this paper we present cathodoluminescence spectra of Sc0.05Al0.95N 
nanowires with a crystal structure very similar to that of bulk AlN.
9.2 Experimental Methods
The aluminum scandium nitride nanowires were deposited in a horizontal 
HVPE reactor: first a ScN layer was deposited on the 6H-SiC, followed by 
the formation of ScAlN nanowires on the surface of the ScN during the sub­
sequent annealing phase. In the source zone, the Sc metal and Al2O3 tube 
were exposed to a hydrogen chloride - hydrogen mixture to produce volatile 
reactants at 900°C. This mixture was subsequently combined with ammo­
nia and hydrogen at 800°C just above the substrate to deposit the nitrides. 
The gas flows were 25 sccm HCl, 500 sccm NH3, and 2,900 sccm H2. The 
pressure was held constant at 970 mbar. The ScN film was deposited on 
the Si-face of a (0 0 0 1) 6H-SiC substrate for 30 minutes. Following the 
deposition, the susceptor zone temperature was maintained at 800°C, to 
anneal the specimen in ammonia for 15 minutes. During the anneal, the 
heating elements of the source zone were switched off, allowing it to cool. 
After annealing, the sample was cooled under a constant ammonia flow of 
1000 sccm until it reached 400°C.
The formation of the nanowires was unintentional and likely proceeded 
through a VLS mechanism based on the formation of ScAl droplets on the 
ScN film in the following manner (as was described in the previous chap­
ter). First, pure Al metal was formed by the reduction of A l2O3 by Sc dur­
ing the growth of the ScN film. Next, at the start of the annealing phase, 
small droplets of a ScAl eutectic were spontaneously formed on the ScN
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film through the decomposition of volatile scandium and aluminum chloride 
precursors at the sample's surface. Transport of Sc and Al precursors under 
a constant ammonia flow towards these droplets, which acted as catalyst 
particles, led to the growth of ScAlN nanowires below the droplets until all 
residual metal precursors were consumed. Afterwards, the liquid droplets, 
no longer stabilized by the decomposing metal precursors, crystallized as 
ScAlN in the presence of NH3.
The morphology of the film was characterized by optical and scanning 
electron microscopy (SEM). The compositions of the film and the individ­
ual nanowires were analyzed by energy dispersive analysis of X-rays (EDX) 
and high resolution transmission electron spectroscopy (HRTEM). Scanning 
TEM (STEM) combined with High Angle Annular Dark Field (HAADF) imaging 
allowed for imaging as well as selecting areas within a single nanowire to 
perform local EDX measurements. All cathodoluminescence measurements 
were taken at 4.6K in a Leo 1550 Gemini SEM with a MonoCL system (Ox­
ford Instruments) with a 1800 lines/mm grating. With the exception of the 
gun voltage variation measurements, a 10 KeV electron beam was used. CL 
measurements were performed on the as-grown wires, reference AlN nano­
wires grown by a different group, and single ScAlN nanowires on a copper 
grid.
9.3 Results
First, the structural properties of the wires were determined (again, for more 
information see the previous chapter). The wurtzite ScAlN nanowires in 
figure 8.2 were grown along the [0 0 0 1] direction during the hydride vapor 
phase epitaxy (HVPE) growth of ScN on 6H-SiC utilizing a Sc/Al2O3 source 
[133]. The nanowires are roughly 1 um  long, have a diameter of 50 to 
150 nm. Fourier transforms of HRTEM images of single nanowires reveal 
only periodicities closely resembling the pure AlN wurtzite structure [134]: 
a 4.84 A periodicity along the < 0 0 0 1 > direction and a 2.58 A spacing 
for lattice fringes in the < 1 0  1 0  > direction. The composition of the 
as-grown wires and spatial distribution of the elements were determined 
by EDX (figures 8.3 and 8.4). The Al concentration is the highest in the 
nanowires; the regions surrounding the nanowires are depleted of Al. Since 
the wires were grown on a 0.8 um  thick ScN film, the Sc distribution is
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difficult to resolve but the Sc concentration appears slightly increased in the 
areas on and around the nanowires. Similarly the nitrogen concentration is 
elevated in the wires; in contrast silicon is absent in the nanowires. The 
oxygen and chlorine concentrations are small with respect to the metals 
but these appear slightly increased in or on the nanostructures. The Sc : Al 
ratio is 0.05 : 0.95, as determined by single wire EDX measurements.
Energy (eV) Energy (eV)
Figure 9.1 4.6 K CL spectra of the (a) as-grown wires at different gun voltages 
and (b) a reference single AlN nanowire at 10 kV.
Next, the optical properties of the nanowires were investigated. To gain 
additional insight into the structure and distribution of Sc in the nanowires, 
CL spectra were taken at 4.6 Kfrom the as-grown wires, a reference sample 
of pure AlN nanowires produced by sublimation [146-14 8 ], and individual 
wires on a copper grid. The spectra appear invariant under variations of the 
gun voltage (figure 9.1a) apart from a small peak located at 2.5 eV for the 
10 kV gun voltage, which becomes broader and moves towards lower ener­
gies as the gun voltage is increased. The energy shifting and broadening of 
this peak suggests it does not correspond to an electronic transition in AlN 
and will be considered as a background emission. In the spectra of the as- 
grown wires there is a small broad peak centered around 4.4 eV, a broad low 
intensity peak around 3.5 eV, and a sharp peak near 2.4 eV (figure 9.1a). 
The value of 3.5 eV corresponds to the typical CL peak for O doping in AlN 
[ 149] and the 4.4 eV peak is located at the emission wavelength for carbon 
(C) impurities in AlN [150]. Both impurities likely originated from the A l2O3 
holder of the Sc metal. As the Sc content of the wires is low, the emission
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wavelengths of O and C impurities in these nanowires should be sim ilar to 
what is found in pure AlN. Similarly, the luminescence features in CL spec­
tra due to other alloys, defects, and dopants should also be the same in 
our ScAlN nanowires as in pure AlN. It would appear that the intensity of 
the bandedge emission at 6 eV for these nanowires is much reduced with 
respect to the impurity-based emissions. This is in agreement with previous 
CL measurements on AlN nanowires [146, 147]. The most distinct peak in 
figure 9.1a appears near 2.4 eV and its position does not correspond with 
any of the common impurities in AlN.
The reference sample shows similar emissions as the as-grown nanowi­
res. In the spectrum of the reference sample (figure 9.1b), the onset of the 
peak near 6 eV, with a maximum at 5 eV, confirms this is AlN, as the AlN 
near band edge emissions start occurring around 6 eV. The peaks around 
3.5 eV can be associated with C and O impurities. The small additional 
peak on the left side of figure 9.1b, at 2.2 eV, is thought to be related to 
the measurement apparatus. The peak near 2.5 eV next to it is also found 
in CL spectra of AlN nanowires taken by Yakimova et al. [146], but its origin 
was not explained. As explained above for figure 9.1a, the emissions are 
suspected not to originate from the ScAlN sample.
To minimize any background from the ScN film and substrate, single na­
nowires measurements were undertaken. Figure 9.2 depicts a typical CL 
spectrum of an individual ScAlN nanowire on a copper grid. On the high 
energy side of the spectrum a low intensity emission can be seen around 
6 eV at the location of near band-edge transitions of pure AlN. At 4.3 eV we 
distinguish a weak peak, probably due to C impurities. In addition, there 
are several peaks near 3 eV superimposed on the oxygen peak that are 
likely caused by oscillations in the nanowires, which presumably acted as 
waveguides. The 2.5 eV peak from figure 9.1b that was also recorded by 
Yakimova et al. [146] could possibly be concealed among these oscillation 
peaks. The resemblance between the the impurity emissions in figures 9.1b 
and 9.2 suggests that the ScAlN nanowires luminescent properties are sim­
ilar to those of pure AlN nanowires [146, 147].
Particularly interesting is the maximum intensity peak, located near 2.4 
eV. We believe this peak to be different from the one originating from the 
measurement apparatus or other background emissions, as seen in fig­
ure 9.1b at 2.2 eV and 2.5 eV. First, because the apparatus background 
emission in figure 9.1b is very small, even though the integrated time
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Figure 9.2 4.6 K CL spectra of an individual ScAlN nanowire at 10 kV.
per measurement was significantly larger than in figure 9.2 (comparing 
the maximum intensities in figures 9.1b and 9.2, we find a difference of 
a factor 1000). Secondly, in figure 9.2 we observe a series of decreasing 
peaks on the lower energy side of the 2.4 eV emissions, which are likely 
due to phonon replication as their average spacing of 124 meV is close to 
the roughly 110 meV for the frequencies of the longitudal optical phonon 
modes of bulk AlN [151]. No replicas were observed for the background 
emissions in figure 9.1b. Since the phonon replica spacing is very close 
to the literature value of the material under investigation, we assume the
2.4 eV emission originated from the nanowires.
This 2.4 eV emission must be then due to elements other than O and C 
or crystal defects. Specifically, Si, Cl or Sc impurities or N vacancies are 
possible candidates for the 2.4 eV emission, based on the EDX data and 
taking into account the nature of the HVPE process [133]. In the following 
section, we will attem pt to link this 2.4 eV emission to the presence of Sc 
atoms in the AlN matrix.
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9.4 Discussion
Here, we will discuss and eliminate various possible causes for the 2.4 eV 
emission. First, we rule out the ScOx coating, based on the fact that the 
coating is amorphous (see figure 8.5a in the previous chapter). Even if this 
coating would give of any signal, the related peak would be very broad, due 
to the lack of a clear crystal structure.
The first possible explanation for the 2.4 eV emission are defects in the 
crystal structure. N vacancies appear the most likely candidates due to the 
poor decomposition of NH3 at the temperatures applied here. According 
to DFT calculations by Gorczyca et al. [152], N vacancies in AlN introduce 
levels roughly 1.7 eV above the valance band and just below the conduction 
band. Hence, no transition from these vacancy levels can result in the
2.4 eV emissions.
Alternatively, the incorporation of foreign elements, such as those that 
were detected by EDX, might be related to the 2.4 eV emission. Si incor­
poration into AlN is usually observed as a red-shifting of the O peak [153] 
and a near band-edge peak around 6.0 eV in the photoluminescence or CL 
spectra. Moreover, the EDX measurements (figure 8.3) show a decrease of 
Si in the nanostructures and none was detected in the single nanowire EDX 
measurements.
We found no in depth studies of Cl incorporation into HVPE GaN or AlN 
in the literature. During normal HVPE growth the Cl concentration at the 
substrate is high as HCl is a product of the GaN or AlN formation reactions 
but it is usually not incorporated in the film. Furthermore, no traces of Cl 
have been detected in the GaN films, grown in our previous studies [10] or 
reported in literature for either HVPE GaN or AlN. Therefore, the Sc atoms 
must be related to the 2.4 eV emission.
Sc might have introduced an additional electronic transition in the AlN 
band structure, sim ilar to Mn. When comparing AlN doped with Sc to AlN 
doped with manganese (Mn), we see that both elements have a sim ilar elec­
tronic configuration, [Ar]3dx4s2 where x  is 1 for Sc and 5 for Mn. Cathodo­
luminescence of Mn-doped AlN films has revealed an emission of 595 nm 
(2.1 eV) caused by electron transitions between d states in Mn4+ [154]. 
Though these values are close to our 2.4 eV, Mn has never been present in 
our HVPE reactor and was not detected by EDX. But, due to the similarities 
in electronic structure, Sc atoms in the AlN lattice could also have given rise
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to additional d-d transitions in the ScAlN, if the Sc content was sufficiently 
low to make the electronic band structure of the ScAlN still resemble that of 
AlN. However, Sc would then be incorporated in AlN as Sc3+ and no electron 
would be present to make this d-d transition.
However, the CL measurements could have provided this electron. Pos­
sibly, the bombarding of the ScAlN alloy with high energy electrons dur­
ing the CL measurements allowed some electrons to be excited into the 
Sc3d state and make the transition. Also Sc2+, which could account for the
2.4 eV emission, m ight be present due to charge transfer processes, sim ilar 
to that proposed by O'Donnel et al. for ZnSe:Fe [155], or perhaps the for­
mation of a Sc2+ complex, which is not uncommon for transition metals in 
GaN and AlN [156]. Sc2+ in e.g. CaF2 emits in the UV at 5.0, 4.1, 3.5, and 
3.0 eV [157], but the emissions from 3d transition metals depend strongly 
on their coordination and oxidation state. For example, Mn2+ in CaF2 emits 
at 2.5 eV [158] and at 2.1 eV in AlN as Mn4+ [154]. Also, the amount of Sc in 
our ScxA l1-xN nanowires is higher (x=0.05) than traditional doping levels, 
which are normally in the ppm regime. When applying the c-lattice constant 
of h-ScN calculated by Takeuchi [144] to estimate the scandium content x  
via x  = (cscxAii-xN -  Ch-scN)/(cain -  Ch-scN), we find an even higher value of 
x  = 0.25.
As an alternative, the 2.4 eV emission might originate from small ScN 
clusters in a pure AlN nanowire (i.e. as a second phase, though no ad­
ditional phases were observed in the HRTEM data). These ScN clusters' 
lattices might then be strained or forced to adopt wurtzite structure instead 
of its usual rock salt structure. Such a change in crystal symmetry was 
reported by Constantin et al. in the form of h-ScN in ScxGa1-xN with x  
< 0.17 [42]. Possibly, we might not have been able to distinguish between 
the AlN and h-ScN phases in our Fourier analysis of the HRTEM data. Even 
though domain formation in a single nanowire is unlikely, in both cases the 
bandgap normally associated with ScN crystals or epitaxial films, (~2.1 eV
[126]), could have been stretched to 2.4 eV resulting in the 2.4 eV emission. 
Takeuchi [144] found a bandgap of ~3 eV for wurtzite ScN, though such DFT 
calculations are generally erroneous when used to evaluate exact bandgap 
energies.
Alternatively, h-ScN might have additional optically active transitions 
which rock-salt ScN does not posses. Such differences in e.g. the bandgap 
energies and valance band widths can already be found, when comparing
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the different band structures for different ScN crystal structures, computed 
by Takeuchi [144].
9.5 Conclusions
We have demonstrated that the doping of AlN with ScN gives rise to a 2.4 eV 
emission accompanied by phonon replicas in the CL spectrum. Though we 
are unable to explain the exact nature of the emission, we can relate it to 
the presence of Sc atoms in the AlN matrix. This modification of the AlN 
electronic structure by Sc opens up new possibilities for creating AlN-based 
electronics, especially when one compares it to the impact transition metal 
doping had on GaN research, which gave rise to ferromagnetic semiconduc­
tors and spintronics applications [138-14 0 ]. Apart from this, the alloying of 
ScN and AlN is interesting as it could be used to tailor novel m ultifunctio­
nal materials with a wide range of optoelectronic applications, especially 
considering ScAlN alloys could present an alternative to InAlN in the UV to 
visible red range of the spectrum.
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Chapter
HCl and Cl2-based HVPE of 
InGaN
The growth of InN and InGaN by HVPE was investigated. First, lengthy 
5 hour growth runs were applied to deposit InN on sapphire substrates 
and MOCVD GaN templates, using NH3 and the combination of indium 
metal and HCl. Deposition rates were very low for several combinations 
of substrate and source temperatures.
Alternatively, the growth of InGaN via Cl2-based HVPE was attempted. 
Source and substrate temperatures were varied to determine the op­
timum conditions. The highest indium content of ~5% was found for a 
source temperature of 500-550°C and a substrate temperature of 700°C. 
These low levels of indium in the InGaN layers are explained by the for­
mation of indium chloride on top of the indium metal during growth. 
Once formed, this reddish deposit prevents further reactions between 
Cl2 and the indium metal, effectively halting the transport of indium 
towards the growing InGaN layers.
T. Bohnen, G. W.G. van Dreumel, P. R. Hageman, and E. Vlieg 
manuscript in preparation
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10.1 Introduction
Sato et al. were the first to utilize HVPE to deposit InxGa1-xN on (0 0 0 1) 
sapphire wafers. First a ~1 jum pure GaN layer was deposited, which in 
turn was overgrown with InGaN. Sato et al. reported indium molar contents 
up to 55%. More recently, Syrkin et al. have demonstrated the use of 
HVPE-grown InN substrates for the MBE growth of InN, thus opening up new 
possibilities for InN template and substrate development [159]. Syrkin et al. 
have also investigated different substrates for InN and InGaN HVPE [160]. 
By varying the substrate and growth conditions Syrkin et al. managed to 
grow InGaN nano-crystallites and epitaxial films. The latter were grown at 
725°C, while the nanostructures appear at 550°C.
In 1996 Sunakawa et al. suggested that the use inert carrier gases, such 
N2, instead of H2 were better suited for the HVPE growth of InN as hydrogen 
would promote the formation of InCl [161]. According to Sunakawa et al. 
InCl3 is preferable to InCl as In precursor. InCl3 would decompose faster 
and thus facilitate higher growth rates. Kumagai et al. were the first to 
exchange HCl for Cl2 to promote InCl3 formation, when depositing InN by 
HVPE [51]. Growth was said to only occur around source temperatures of 
450°C while the substrate temperature was maintained at 500°C.
In the past we have successfully applied Cl2-based HVPE to grow GaN 
[162]. The combination of Cl2-based InN and GaN HVPE could make use 
of the rapid decomposition of the InCl3 precursor to produce o.a. InGaN 
substrates or templates with high indium content. Such substrates would 
be ideal for the production of green LEDs by e.g. MOCVD or MBE. Hitherto 
Cl2-based HVPE has never been applied to the growth of InGaN.
10.2 Experimental methods
All samples were prepared in a home-built 2 inch HVPE reactor, as schemat­
ically shown in figure 10.1. The main carrier gas flow in the reactor tube 
is kept separate from the HCl or Cl2 and NH3 flows, each of which flows 
through its own inlet towards the substrate. Inside the HCl/Cl2 inlet the 
quartz boat containing Ga is placed downstream of the alumina In boat 
(see the insert in figure 10.1). Alumina was chosen as a indium container 
as quartz ware tended to crack, when the indium solidified during cooling.
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The temperatures of the source and substrate zones can be set indepen­
dently of one another.
substrate
Figure 10.1 A schematic representation of the home-built HVPE reactor for the 
deposition of InGaN. Cl2 is supplied over liquid In and Ga at the source zone and 
combined via a separate inlet with NH3 in the substrate zone. The source and 
substrate zones' temperatures can be controlled independently.
First, the deposition of pure InN by HCl-based HVPE at a substrate tem­
perature of 800°C was attempted. Long deposition times of 5 hours were 
chosen to compensate for the decomposition of InN at this temperature 
and to achieve smoother surfaces. The source temperature was varied be­
tween 500, 600 and 700°C while the HCl flow was kept constant at 20 sccm. 
Secondly, the source temperature was fixed at 800°C, while the substrate 
temperature was varied between 500, 550, 600, 650, and 700°C.
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The results of the HCl-based deposition forced us to consider a differ­
ent approach, namely the application of Cl2-based HVPE for the deposition 
of InGaN. In all experiments the Cl2 flow was fixed at 25 sccm and depo­
sition times were set to \  hour. In the first experiment, the source tem ­
perature was varied between 450, 550, 550, 600, and 650°C, while the 
substrate zone was kept at 550°C. 550°C is the temperature at which InN 
starts decomposing in MOCVD [163]. A second experiment was then per­
formed, wherein the substrate temperature was varied between 600, 700, 
and 800°C, while the source temperature was fixed at 550°C. According to 
Kumagai et al. 450°C would be the optimum temperature to promote the 
formation of GaCl3 which should significantly increase the growth rate [51] 
and possibly the indium content of the InGaN layers. Also, a comparison 
was made between H2 and N2 carrier gases with a source and substrate 
temperature of 700 and 550°C.
The samples were characterized by DICM, SEM, optical profiling, and 
rocking curve and reciprocal space mapping HRXRD. Photoluminescence 
(PL) measurements were taken at 4.6K using an excitation wavelength of 
325 nm.
10.3 Results
Initially, the deposition of InN by HCl-based was undertaken to verify the re­
sults obtained by Kumagai et al. [51] and to determine the optimum growth 
conditions for our InGaN reactor. It quickly became apparent that the depo­
sition of InGaN by HCl-based HVPE proceeded poorly. To illustrate the low 
growth deposition rates, figure 10.2 shows the morphologies of the sapphire 
substrates after 5 hours of deposition at 800°C. With the source tempera­
ture at 500°C, the InN deposits as discrete nanostructures on the sapphire. 
Increasing the source temperature to 600°C, increases the amount of de­
posit slightly and the surface coverage becomes higher. The slivers and 
droplets in figure 10.2b are pure indium. In between these pure indium 
regions, the surface stills appears rough, possibly due to the formation of 
smaller nanostructures. At a source temperature of 700°C larger struc­
tures surrounded by numerous black dots become visible. For all the above 
source temperatures the weight change as a result of the InN deposition 
was too low to be measured. When viewed by the naked eye, the 5 hours
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of InN HCl-based HVPE deposition appeared to have left no trace on the 
sapphire substrates. A sweep of the substrate temperature between 500 
and 700°C with the source temperature fixed at 800°C also yielded very 
little deposition, though 0-20 XRD scans showed an optimum at a substrate 
temperature of 600°C.
Figure 10.2 SEM images of the InGaN deposited on bare sapphire by HCl-based 
HVPE at a source temperature of 800°C and a substrate temperature of 500 (a), 
600 (b), and 700°C (c).
Oddly enough, at this optimum the 0-20 XRD measurements revealed 
the presence of InGaN next to pure InN on top of the sapphire substrates. 
No gallium was present in the reactor source. The Ga therefore must have 
originated from the GaN-on-sapphire templates, which were present beside 
the sapphire substrates during the growth experiments. The InGaN XRD 
peak height was roughly 10x that of the pure InN peak. Above and below 
this temperature of 600°C, the InGaN peak shifted back towards the position 
of pure GaN. We found that at this substrate temperature of 600°C and a 
source temperature of 800°C, the indium content of the InxGa1-xN film  on 
sapphire, according to 0-20 XRD was x  «27%, while EDX measurements put 
the indium content near 20%.
The growth of InN and InGaN by HCl-based appeared to be possible, but 
the growth rates were extremely low. As an alternative to HCl-based HVPE, 
Cl2-based HVPE was attempted. Taking past experiences with Cl2-based 
HVPE for pure GaN as a starting point [162], the growth of InGaN by Cl2- 
based HVPE was attempted. Figure 10.3 shows the deposition in g/cm2h of 
InGaN material after 1 hour of Cl2-based HVPE under nitrogen conditions. 
For both the MOCVD GaN and sapphire samples and for all the different
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Figure 10.3 The deposition of Cl2-based HVPE InGaN on GaN and bare sapphire 
substrate, as determined by weight change versus the source temperature. De­
position times were |  hour. Since the indium content is low, the growth rate 
can be approximated by dividing the weight change by the deposition time and 
density of pure GaN.
source temperatures, the deposition was of a yellow or orange color. The 
color changed from yellow to orange when increasing both the source and 
substrate temperatures. The indium source metal also underwent a color 
change: after every growth experiment, the top surface of the indium in the 
boat possessed a red color, while the gallium had kept its silvery appear­
ance.
As can be seen in figure 10.3, the deposition rates increase with in­
creasing source temperature. The curve for sapphire substrates closely 
resembles the deposition rates for GaN templates. The influence of the car­
rier gas was examined by the exchanging N2 carrier gas for H2. We found 
this slightly reduced the growth rate at a source temperature of 550°C (fig­
ure 10.3).
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Figure 10.4 Reciprocal space maps of the (1 0  1 5 )  peak of the InGaN samples, 
grown with different substrate and source temperatures and carrier gases.
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To determine the In content of the grown films, reciprocal space maps 
were made for each InGaN on GaN sample. The highest intensity peak 
on each map should be due to the asymmetric (1 0 1 5) reflection of the 
MOCVD GaN template. Any additional nearby peaks should be due to the 
presence of an InGaN film  on top of the GaN. Vegard's law was applied to 
interpret the peak shifts in terms of the In content [164]. The results are 
shown in figure 10.4. The indium content varies between near zero and 5%. 
Maximum indium incorporation is observed for source temperatures in the 
500-550°C range and a substrate temperature of 700°C. The InGaN peak 
shifts back towards the position of pure GaN, when the substrate or source 
temperatures are increased or decreased. Only a single InGaN-related peak 
was observed for all the different source and substrate temperatures.
Figure 10.5 Photoluminescence spectra taken at 4.6K of a typical InGaN layer as 
compared to the that of the original MOCVD GaN on sapphire template.
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The absence of a clear (1 0 1 5) GaN peak, made it d ifficult to determine 
the indium content of the InGaN layers grown on sapphire. 0-20 XRD scans 
were applied in the 30-36° 20 range. In this range lie both the (0 0 0 2) 
GaN and the (0 0 0 2) InN peaks and any (0 0 0 2) InGaN peak should be 
located in between. These measurements confirmed the low indium of the 
InGaN layers, grown on the MOCVD templates (figure 10.4. All peaks were 
located close to the ~34.5° position for pure GaN. The peaks were too wide 
to accurately determine the exact indium contents.
Photoluminescence measurements show a shift towards lower energies 
in the emission spectra. A typical PL spectrum of a Cl2-based HVPE In­
GaN on MOCVD template sample is given in figure 10.5. Compared to the 
MOCVD template, the InGaN emits at lower energies with a redshift of ap­
prox. 0.1 eV. This suggest a small amount of indium is incorporated into 
the GaN. The optical quality is much reduced, as can be seen by the large 
FWHM of the InGaN peak, as compared to that of the MOCVD template.
450°C 500°C 550°C 600°C 650°C
Figure 10.6 The morphology of Cl2-based InGaN on MOCVD GaN and sapphire, 
grown at a substrate temperature of 700°C with different source temperatures 
between 450 and 650°C.
The morphologies of the InGaN layers grown at various source tempera­
tures are shown in figure 10.6. The structure of the film  is clearly granular, 
though according to 0-20 XRD measurement most grains are oriented in 
the (0 0 0 1) direction. As the source temperature increases, the grains on 
the surface increase in size, both in the lateral and vertical direction. The 
grain density per unit area decreases with increasing source temperatures.
Increasing the substrate temperature has an opposite effect to increas­
ing the source temperature. The grain density in figure 10.7 decreases, as 
the substrate temperature is increased while the source is kept at 800°C. 
Increasing the substrate temperature does appear to be beneficial to the
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Figure 10.7 The morphology of Cl2-based InGaN on MOCVD GaN and sapphire, 
grown at a source temperature of 800°C with different substrate temperatures of 
600, 700, and 800°C.
surface roughness, which becomes less when the substrate is heated to a 
higher temperature.
10.4 Discussion
The growth of InGaN by HCl-based HVPE is in principle possible, but in prac­
tice it is limited to extremely low growth rates. This can be seen in fig ­
ure 10.2, where after 5 hours of deposition at a substrate temperature of 
500° only nanostructures can be seen. Additionally, the InN decomposes 
above a substrate temperature of 600°C, leaving behind liquid slivers and 
droplets of indium. At the higher substrate temperature of 700°, the depo­
sition starts to coalesce into a thin film , though various dark spots, possible 
due to indium droplet formation, are visible on the surface in figure 10.2.
Apart from as pure InN, the majority of the indium deposited at a sub­
strate temperature of 600°C and a source temperature of 800°C, was de­
posited in the form of InGaN. No gallium was present in the source for this 
particular experiment and its origins can only be the MOCVD-grown GaN-on- 
sapphire templates. The MOCVD templates were overgrown simultaneously 
with the bare sapphire substrates and it appears etching of the GaN took
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place, most likely by the formation of GaCl via the reaction between GaN 
and excess HCl. The newly formed GaCl was then free to react with NH3 
to form InGaN and pure GaN on the sapphire substrate. The fact that here 
the gallium content in the InGaN structures is still higher than the indium 
content illustrates the difficulties of incorporating In in GaN. This, combined 
with the low deposition rates, made us consider InGaN deposition via Cl2- 
based HVPE.
We forewent the deposition of pure InN by Cl2-based HVPE and decided 
to focus directly on InGaN. First, the source temperature was varied be­
tween 450 and 650°C. Next the substrate temperature was set to 600, 700, 
and 800°C in different growth experiments. Finally, the influence of the 
carrier gas was investigated. The effect of these parameters on the deposi­
tion rate are summarized in figure 10.3. The deposition rate increases with 
increasing source temperature. This is due to the formation of more precur­
sor molecules, as the thermal energy due to the high source temperatures 
exceeds the activation energy of the precursor formation reaction. For GaCl 
formation this reaction is 94-96% effective in the 850-900°C temperature 
range [47], which suggest that at the temperatures applied in this study 
the precursor formation was far from complete.
The slight difference in deposition rates between the GaN templates and 
sapphire substrates is due to the differences in the ir surface areas. Half 
wafers of sapphire were used, while the templates were roughly an eight 
of a whole wafer. The wafers' edges locally affect the deposition rate there 
and the effect is more noticeable when the surface to edge ratio is smaller, 
as in the case of the GaN templates. Also, the deposition rate per unit 
area is inhomogeneous over the whole susceptor and this is not averaged 
out as well in the smaller MOCVD GaN templates. All in all, the growth 
rates lie around 50 jum/h and behave as expected with increasing source 
temperatures.
When the nitrogen carrier gas is exchanged for hydrogen, the deposi­
tion rate drops slightly. This appears in contrast with the model proposed 
by Cadoret et al. and Aujol et al. [53, 54, 90], which states that hydro­
gen helps remove chlorine from the GaN surface and thereby increases the 
growth rate. However, for this particular reactor Dam et al. showed that 
the growth is strongly dependent on the gas flows and position in the reac­
tor. Though, the position of the sample is the same, the lower temperatures 
with respect to typical GaN HVPE (~1000-1100°) alter the Ga and In pre­
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cursor gas flows. Alternatively, the lower temperature results in a reduction 
of the crystal quality of the grown material. The lower stability of the thus 
formed InGaN could lead to etching of the InGaN by hydrogen at these tem ­
peratures during the growth. Finally, the substrate temperature was above 
the reported 550°C lim it of stable InN growth for MOCVD, which could have 
resulted in etching of the grown material. This discussion is valid for GaN, 
but applies also in this case since the In content of the grown layers is low.
The highest indium content was found for source temperatures around 
500-550°C. This can be deduced from the spacing between the ( 1 0  1 5 )  
GaN and the ( 1 0  1 5 )  InGaN peaks in the reciprocal space maps in fig­
ure 10.4. The spacing is largest for source temperatures of 500-550°C and 
a substrate temperature of 700°C, but even the maximum indium content 
here is no more than 5%. This was confirmed by PL measurements. The 
~0.1 eV redshift in figure 10.5 suggests a sim ilar indium content of ~5% as 
the HRXRD data in figure 10.4.
Lowering or raising the source temperatures shifts the InGaN peak, and 
thus the indium content, back towards GaN. This 500-550°C optimum ap­
pears to be consistent with the data obtained by Sunakawa et al., who 
found an optimum growth rate in the 540-570°C temperature range for the 
chloride transport vapor phase epitaxy of InN [161]. However, this tem ­
perature range is in contrast to the optimum of 450°C degrees found by 
Kumagai et al. [51] for the InN growth by Cl2-based HVPE. The indium con­
tent in the samples grown with a source temperature of 450°C is close to 
the maximum indium content for samples prepared with source tempera­
tures of 500-550°C. Possibly, the higher substrate temperature applied in 
these studies (700°C compared to 500°C) resulted in the etching of In from 
the InGaN. Kumagai et al. did not vary the substrate temperature in their 
studies. Also, the results of Kumagai et al. were obtained for pure InN, 
while we have grown InGaN. As the indium content in our samples was low, 
indium had to be incorporated in GaN, while in the works of Kumagai et al. 
indium was incorporated into InN.
When the substrate temperature is shifted from 700°C the indium con­
tent also becomes less (figure 10.4). The highest indium content was found 
for a substrate temperature of 700°C. Takahashi et al. found an optimum 
growth temperature of 550°C for pure InN growth [52]. Again, this differ­
ence might lie in the differences between InGaN and InN growth.
In MOCVD-grown InGaN samples, reciprocal space mapping usually yields
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two InGaN-related peaks, one for the relaxed and one for the strained mate­
rial. However, we observe only a single InGaN peak [73, 165]. This peak, in 
all likelihood, corresponds to the relaxed InGaN layer, as the layer thickness 
is large (> 10 um).
The indium content of the grown layers is surprisingly low, despite the 
fact that the Cl2 passes over the indium before reacting with the gallium. 
However, after each growth experiment, the gallium surface still consists 
of gallium, while the indium surface has been converted into a red-colored 
material. Though we were unable to perform any characterization on this 
material, it seems apparent that this material is indium chloride. Both InCl 
and InCl3 can possess the color red, though at the source temperature ap­
plied here InCl3 should have evaporated while InCl would have been liquid 
[166]. We suspect this indium chloride layer prevents an efficient reaction 
between the volatile Cl2 and the pure indium metal. Instead, indium chlo­
ride is formed, which floats atop the indium metal, blocking the Cl2 flow 
from reaching the indium metal. Gaseous indium chloride is then formed 
through the evaporation of this indium chloride layer or possibly a reaction 
between indium chloride and Cl2. It appears this reaction is much slower 
than the direct reaction between gallium and Cl2. Therefore, all the layers, 
grown in the above described manner, possess little indium.
The increase in growth rate with increasing source temperatures also 
allows us to understand the changes in the morphology of the grown layers 
in figure 10.6. At the lower temperatures on the left hand side of figure 10.6, 
we can distinguish numerous small hillocks. As the source temperature is 
increased, these hillocks increase in size. This is due to the increasing metal 
precursor concentration above the sample. The hillocks simply grow larger. 
Their density is reduced with increasing source temperatures as the larger 
hillocks overgrow smaller, adjacent ones.
The substrate temperature has an opposite effect (figure 10.7). Increas­
ing the substrate temperature, reduces the hillocks' height and smoothens 
the grown layer. As the substrate temperature increases, the growth con­
ditions at the substrate become more and more like those of typical GaN 
HVPE layer by layer growth. The lower the substrate temperature drops 
below the typical HVPE GaN substrate temperature of ~1100°C, the more 
the growth mode will shift from layer by layer growth to 3D growth. This is 
seen in figure 10.7. On the right had side at the higher substrate temper­
atures, the hillocks are small and the grown layer starts to approximate a
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smooth GaN film. Lowering the temperature enhances the 3D growth and 
the hillocks become larger and larger.
10.5 conclusions
The deposition of InGaN by Cl2-based HVPE is mostly hindered by the for­
mation of a indium chloride layer on top of the indium metal. This layer 
effectively prevents contact between the Cl2 flow and the indium, halting 
the rapid formation of indium chloride precursors. Instead these are formed 
by the evaporation of the indium chloride layer. This process apparently 
proceeds much slower than the gallium chloride formation, resulting in a 
low indium content in all the grown InGaN layers. A possible solution would 
be to have two separate source zones, which can be heated to different 
temperatures. Unfortunately, in the reactor applied here, this was not pos­
sible.
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Summary
Currently gallium nitride (GaN) is used to make Blu-ray DVD players, blue, 
and white LEDs. GaN's 3.4 eV bandgap enables it to em it light in the blue 
and UV. However, GaN also possesses a tremendous potential for additional 
high power and high frequency devices, such as amplifiers for radar sys­
tems and cellular base stations. Unfortunately, GaN, such as it is currently 
grown on foreign substrates for e.g. LEDs, contains to many crystalline de­
fects to be a suitable medium for these high power applications. These 
defects originate from the mismatch between GaN and substrate. Though 
numerous substrates, such as sapphire, silicon, or silicon carbide are avail­
able, no substrate, except GaN itself, is suited for the production of high 
power GaN devices.
In order to grow such GaN devices on GaN, one needs to have a high 
quality GaN crystal. Several techniques currently compete to produce these 
native GaN substrates. Among them is 'hydride vapor phase epitaxy' (HVPE), 
which is the sole bulk GaN growth method, capable of growing GaN on for­
eign substrates. Chapter 4 describes how the introduction of a low tem ­
perature GaN layer helps elim inate defects during the high temperature 
GaN film growth. Heating the low temperature nanocrystalline layer to 
the growth temperature changes its morphology into a jum-sized island 
structure. When these islands coalesce during the subsequent overgrowth 
phase, small voids are formed in between neighboring islands. These so- 
called pinhole defects allow the GaN, that is grown above them from the 
sidefaces of the islands, to relax. This relaxation drastically reduces the 
number of defects in the GaN film.
The higher growth rates of HVPE with respect to the other bulk GaN 
growth method is another advantage of the HVPE method. In chapter 5, we 
demonstrate tha t the substitution of HCl by Cl2 increases this growth rate 
even fu rther by a factor 5. Additionally, the use of Cl2 reduces the parasitic
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deposition of GaN around the gallium precursor inlet. This allows for the 
growth of th icker wafers in a single growth experiment, namely 1.2 mm 
when using Cl2 in contrast to 300 um  by HCl-based HVPE.
Not only the thickness but also the d iameter of GaN wafers needs to be 
scaled up in order to reduce the price of GaN-based devices. Chapter 6 dis­
cusses a set of rules, based on the conservation of dimensionless numbers, 
which allow one to transfer a working process from a smaller reactor to a 
larger one. The processes in both reactors will then be similar, as we have 
demonstrated by computer simulations.
Another method of growing high quality GaN lies in the application of 
buffer layers between the GaN and the foreign substrate. One example is 
the low temperature GaN layer discussed in chapter 4 . Scandium nitride 
(ScN) would be much better suited as a buffer layer, as the ScN (1 1 1) 
plane fits almost perfectly on the common GaN (0 0 0 1) plane. To this end, 
and since ScN itself possesses many interesting properties, we grew thin 
ScN (1 1 1) films on 6H-SiC. These results are discussed in chapter 7 .
Against all expectations, nanowires appeared on the grown ScN films. 
These nanowires appeared to consist of a scandium aluminum nitride (ScAlN) 
alloy. In chapter 8 , the details regarding the formation of these nanowires 
are explained. Apparently, the scandium metal was capable of etching its 
alumina holder, resulting in the release of aluminum into the gas phase. 
This aluminum then deposited on top of the ScN films, where it began to 
cluster into small metal droplets. These droplets were then able to act as 
catalysts for the nanowire growth. Between them ScN and AlN cover most 
of the visible spectrum. Therefore the optical properties of these nanowires 
were investigated. The results are described in chapter 9 .
In contrast to ScAlN, InGaN covers the entire visible spectrum. This 
opens up potentially interesting possibilities for optical applications, such 
as III-nitrides based LEDs en lasers of any chosen color. Hence, we have at­
tempted the growth of InGaN by HVPE, as is written in chapter 10. Both HCl- 
and Cl2-based HVPE were applied to produce gaseous indium and gallium 
precursors. The growth rates in the case of HCl were disappointingly low. 
For the use of Cl2, the growth rates were higher. The indium content, how­
ever, was low. This was due to the formation of an indium chloride layer on 
top of the indium metal. This layer prevented further contact between the 
Cl2 and indium and indium was released into the gas phase solely through 
the slow evaporation of this indium chloride layer.
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In summary, this dissertation describes several novel methods to create 
larger, better, and cheaper GaN crystals via hydride vapor phase epitaxy. 
This should reduce the costs of GaN-based technology, such as Blu-ray. In 
addition, some fundamental insight into the growth of HVPE GaN on sap­
phire was obtained. This will help us reduce and control the number of 
defects in the GaN crystal. Finally, the HVPE method was adapted to create 
different III nitrides, such as ScN, ScAlN, and InGaN. These novel III nitrides 
will play an important role in the next generation of III nitride-based elec­
tronics and other applications.

Samenvatting
Op dit moment wordt Gallium Nitride (GaN) gebruikt in Blu-ray DVD-spelers, 
blauwe en w itte LED verlichting. De bandkloof van GaN van 3.4 eV zorgt 
ervoor dat dit material licht kan uitzenden in het UV en blauwe deel van het 
lichtspectrum. GaN heeft echter een breed scala van verdere toepassingen. 
Transistoren gemaakt van GaN, kunnen worden gebruikt als krachtige ver­
sterkers voor, bijvoorbeeld, radar systemen en mobiele zendmasten. Deze 
toepassingen blijven echter uit, omdat de huidige GaN componenten teveel 
afwijkingen in hun kristalstructuur bevatten om een goed medium te bieden 
voor krachtige, elektronische toepassingen. Een groot aantal van deze de­
fecten onstaan door de verschillen tussen GaN en de dragers, waarop de 
GaN component wordt gegroeid. Veel gebruikte dragers zijn o.a. saffier, sili­
cium, of silicium carbide, maar er bestaat geen drager materiaal, behalve 
GaN zelf, dat geschikt is voor de productie van krachtige GaN componen­
ten.
Om GaN componenten op GaN te groeien, moet er eerst een hoog­
waardig GaN kristal beschikbaar zijn. Om dergelijke dragers te produceren 
zijn verschillende technieken mogelijk, waaronder 'hydride vapor phase 
epitaxy' (HVPE). Deze techniek kan, als enige onder deze GaN bulkkistal- 
groeitechnieken, grote GaN kristallen van goede kwaliteit groeien op een 
vreemde drager. In hoofdstuk 4 is beschreven hoe het aanbrengen van 
een dunne lage temperatuurs-GaN laag op saffier helpt kristaldefecten te 
elimineren tijdens de groei van de dikke GaN laag op hogere temperaturen. 
De nanokristallijne, lage temperatuurslaag verandert in een eilandstructuur 
tijdens het opwarmen naar de groeitemperatuur. Vervolgens groeien de ei­
landen aanéén. Kleine holtes worden dan gevormd tussen de eilanden. 
Deze 'pengat' defecten zorgen ervoor dat het GaN, dat via de zijvlakken 
van de eilanden boven hen groeit, kan relaxeren. Het aantal defecten in de 
GaN laag wordt zo drastisch verminderd.
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Afgezien van de mogelijkheid to t groeien op een vreemde drager liggen 
de groeisnelheden bij HVPE veel hoger dan bij de andere methodes. In 
hoofdstuk 5 laten we zien dat het vervangen van HCl door Cl2 gas om het 
gallium metaal gasvormig te maken, leidt to t een 5 maal hogere groeisnel- 
heid voor een even grote gasstroom. Tevens wordt het dichtgroeien van 
de gallium-instroombuis sterk teruggebracht, wat het mogelijk maakt om 
1.2 mm GaN te groeien in een enkel proces. Bij gebruik van HCl was dit 
beperkt to t 300 jum.
Naast dikkere lagen is het natuurlijk ook van belang om grotere GaN 
schijven te produceren. In hoofdstuk 6 maken we gebruik van dimensieloze 
getallen en stromingsleer om een set vuistregels af te leiden waarmee een 
kleinere reactor kan worden opgeschaald naar grotere dimensies. De pro­
cessen in de grote en de kleine reactor zullen dankzij deze regels hetzelfde 
zijn, zoals we laten zien met computersimulaties.
Een andere mogelijkheid om hoog kwaliteits-GaN te groeien, is dooreen 
geschikte bufferlaag te introduceren tussen de vreemde drager en het GaN, 
zoals bij voorbeeld de lage temperatuurs-GaN laag uit hoofdstuk 4 . Scan­
dium nitride (ScN) zou een veel betere bufferlaag zijn. De gebruikelijke 
groeirichting van GaN is < 0 0 0 1 > en dit kristalvlak past bijna exact op 
het ScN (1 1 1) vlak. Met dit doel, en vanwege de vele interessante eigen­
schappen van ScN zelf, hebben wij ScN in de < 1 1 1  > richting gegroeid op 
6H-SiC substraten. De resultaten hiervan staan beschreven in hoofdstuk 7 .
Onverwachts bleken er tijdens de groei van de ScN lagen nanodraden 
te onstaan. Deze nanodraden bleken een ScAlN samenstelling te hebben. 
In hoofdstuk 8 staat beschreven hoe deze draden zich vormden. Het scan­
dium metaal in de reactor etste zijn aluminium oxide houder langzaam weg, 
waardoor aluminium vrij kon komen in de gas fase. Dit aluminium metaal 
vormde kleine druppels op het oppervlak van de ScN laag. Deze druppels 
functioneerden vervolgens als katalysatoren voor de groei van de ScAlN 
nanodraden, die zich onder de druppels vormden. Dit was de eerste keer 
dat ScN en AlN zijn gecombineerd in een halfgeleidend materiaal. Tussen 
hen bestrijken ScN en AlN bijna het volledige zichtbare spectrum. Daarom 
zijn vervolgens de optische eigenschappen van deze nanodraden onder­
zocht. Deze staan beschreven in hoofdstuk 9 .
Integenstelling to t ScAlN, overkoepelt het optische bereik van InGaN wel 
het volledige zichtbare spectrum. Daarom hebben we de mogelijkheid on­
derzocht om InGaN te groeien met HVPE. Dit staat beschreven in hoofd-
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stuk 10. Hiertoe hebben we zowel HCl als Cl2 gebruikt om gasvormige 
indium en gallium precursor moleculen te maken. HCl bleek echter ver­
waarloosbaar kleine groeisnelheden op te leveren. De groeisnelheden bij 
het gebruik van Cl2 lagen hoger. Echter, de inbouw van indium in de InGaN 
bleek laag. De oorzaak hiervan was de vorming van een indium chloride 
laag boven op het indium. Deze laag voorkwam contact tussen het chloor 
en het indium metaal. Indium kwam daardoor enkel in de gasfase door de 
langzame verdamping van deze laag.
Samengevat in dit proefschrift staan verschillende methodes beschreven 
om grotere, betere en goedkopere GaN kristallen te maken met de HVPE 
techniek om zo de kosten voor o.a. Blu-ray electronica te verminderen. 
Door nieuwe fundamentele inzichten in de groei van GaN op saffier, kunnen 
we het aantal defecten in de GaN kristallen verminderen. Daarnaast is HVPE 
gebruikt om andere III nitride materialen te groeien, zoals ScN, ScAlN en 
InGaN, die allen een eigen rol zullen gaan spelen in de volgende generatie 
III nitride electronica.
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